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Abstract 

High-Density Polyethylene is prone to Environmental Stress Cracking if mechanically 
stressed in the presence of solutions containing surfactants. Even if this polymer is widely 
used to produce containers for industrial and household detergents, its Environmental 
Stress Cracking Resistance is generally evaluated under plane strain conditions 
irrespective of the actual stress state experienced during service life. In this work the Slow 
Crack Growth of thin specimens, under plane stress conditions, was studied in air and in 
the presence of an “active” environment. The 𝐽-integral approach was adopted to account 
for the extensive plastic deformations thereby occurring and the obtained results were 
compared to those describing the plane strain behaviour of the same polyethylene, 
reported in previous works. The effect of the production process was also assessed by 
comparing the behaviour of compression moulded and blow moulded specimens, the latter 
having a lower degree of crystallinity. Despite the difference in fracture resistance 
expected in air, the behaviour in presence of the active environment was very similar, 
suggesting that the production process has only negligible influence on the Environmental 
Stress Cracking resistance of the considered polyethylene.  
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Nomenclature 

𝑎 Notch length 

𝑎௜ Notch length of a generic blunt notched specimen used for the evaluation of the separation parameter 

𝑎௝ 
Notch length of the reference blunt notched specimen used for the evaluation of the separation 
parameter 

𝑡 Time

𝑡௜ Initiation time 

𝑡஽஻,௣௟.௦௧௥௔௜௡ Time at the ductile to brittle transition in plane strain 

𝑡௜
∗ Critical interaction time 

𝑡௜,௣௟.௦௧௥௔௜௡
∗  Critical interaction time in plane strain 

𝑡௜,௣௟.௦௧௥௘௦௦
∗  Critical interaction time in plane stress 

𝑢 Displacement

𝑢௜ Displacement at fracture initiation 

𝑢௜,஻ெ Displacement at fracture initiation for blow moulded specimens 

𝑢௜,஼ெ Displacement at fracture initiation for compression moulded specimens 

𝑢௘௟ Elastic displacement 

𝑢௘௟ ௜,஻ெ Elastic displacement at fracture initiation for blow moulded specimens 

𝑢௘௟ ௜,஼ெ Elastic displacement at fracture initiation for compression moulded specimens 

𝑢௣௟ Plastic displacement 

𝑢௣௟ ௜,஻ெ Plastic displacement at fracture initiation for blow moulded specimens 

𝑢௣௟ ௜,஼ெ Plastic displacement at fracture initiation for compression moulded specimens 

𝐴 Generic constant 

𝐴ଵ Generic constant 

𝐴ଶ Generic constant 

𝐵 Specimen thickness 

𝐵෠ Thickness required to have entirely plane stress failure 

𝐶଴ Initial specimen compliance 

𝐹 Crack geometry function 

𝐺 Energy release rate 

𝐻 Material deformation function 

𝐽 𝐽-integral 

𝐽௘௟ Elastic contribution to 𝐽-integral 



𝐽௣௟ Plastic contribution to 𝐽-integral 

𝐽஽஻,௣௟.௦௧௥௔௜௡ 𝐽-integral at the ductile to brittle transition in plane strain 

𝐽௜
∗ 𝐽-integral at critical interaction time 

𝐽௜ ௣௟.௦௧௥௔௜௡
∗  𝐽-integral at critical interaction time in plane strain 

𝐽௜ ௣௟.௦௧௥௘௦௦
∗  𝐽-integral at critical interaction time in plane stress 

𝐽௜ ஻ெ
∗  𝐽-integral at critical interaction time in plane stress for blow moulded specimens 

𝐽௜ ஼ெ
∗  𝐽-integral at critical interaction time in plane stress for compression moulded specimens 

𝐾 Stress intensity factor 

𝐿 Specimen length

𝑃 Load 

𝑃௜ Initiation load 

𝑃௠௔௫ Maximum load 

𝑆௜,௝ Separation parameter 

𝑈௜ Mechanical input energy at fracture initiation 

𝑈௘௟ Elastic component of the mechanical input energy 

𝑈௘௟ ௜,஻ெ Elastic component of the mechanical input energy at initiation for blow moulded specimens 

𝑈௘௟ ௜,஼ெ Elastic component of the mechanical input energy at initiation for compression moulded specimens 

𝑈௣௟ Plastic component of the mechanical input energy 

𝑈௣௟ ௜,஻ெ Plastic component of the mechanical input energy at initiation for blow moulded specimens 

𝑈௣௟ ௜,஼ெ Plastic component of the mechanical input energy at initiation for compression moulded specimens 

𝑊 Specimen width

𝜂௘௟ Elastic eta factor 

𝜂௣௟ Plastic eta factor 

𝜙 ቀ
𝑎
𝑊
ቁ Energy release rate calibration factor 

𝜎௒ Yield stress 

1 Introduction 

Slow Crack Growth (SCG) is a failure mechanism affecting many thermoplastic polymers 
when subjected to relatively low stresses. Following load application SCG takes place after 
a certain incubation time, during which micro-crazes nucleate and grow from pre-existing 
flaws in the material [1–3]. Once the fibrils connecting the two surfaces of a craze are no 
longer able to sustain the applied mechanical stress they break, leading to crack initiation 
and its subsequent propagation. For high stress levels ductile failure occurs before SCG 



can develop; for low stresses, the crack slowly propagates with a characteristic “brittle” 
character, eventually leading to failure in even very long times (years). The resulting 
fracture surface is usually smooth, with no trace of extensive plastic deformation; multiple 
cracks, craze remnants and stretched fibrils can be observed as well as alternating bands, 
corresponding to repeated cycles of craze nucleation and growth and subsequent crack 
extension [4]. 

The speed of the phenomena occurring during SCG can significantly increase if the 
polymer is simultaneously subjected to the mechanical stress and exposed to specific 
substances, commonly identified as active environments. The generally accepted 
mechanism at the basis of this acceleration process, called Environmental Stress Cracking 
(ESC), consists in the diffusion of the active environment within the material, in particular 
in the crazes; this eventually leads to a local plasticisation and a reduction of the 
interaction forces between the polymeric macromolecules, thus favouring their mutual 
disentanglement. As a matter of fact, ESC failures are characterized by reduced crack 
initiation times and increased crack propagation rates with respect to what occurs in air 
under the same loading conditions, ultimately decreasing the overall failure time. 

The first examples of solvent-induced failures were reported in the literature starting from 
the ’50s; to prevent unexpected breakdown of polymeric components, Environmental 
Stress Cracking has been extensively studied since. To name several examples, ESC can 
be observed when exposing polyethylene to aqueous detergents [1,3,5–34] or organic 
solvents [10,35,36], high impact polystyrene to sunflower oil [11,37–40], polycarbonate to 
ethanol [41] or fat emulsions [39], phenolic resins to oil [41] or polymethylmethacrylate to 
different alcohols [8,40,42–44].  

Among the various approaches used to analyse these phenomena, those based on 
fracture mechanics can provide intrinsic polymer properties, which represent a valuable 
engineering tool. The results obtained from this kind of analysis, in fact, can be used not 
only for material ranking purposes but also to support mechanical design: they allow to 
estimate, for example, the expected lifetime of a given component, as reported in [40].  

Interestingly, even if many products are characterized by a small thickness and operate 
under prevailing plane stress conditions, the studies of the ESC resistance of polymers 
reported in the relevant scientific literature are limited to plane strain conditions. To cover 
this gap the resistance to SCG and ESC of a blow moulding High-Density Polyethylene 
(HDPE) grade, used for the manufacturing of bleach bottles, was studied on compression 
moulded thin specimens subjected to tests under plane stress conditions. The obtained 
results were then compared with the relevant plane strain behaviour of the same 
compression moulded polymer, previously studied in [32–34]. Finally, thin specimens, 
directly obtained from blow moulded bleach bottles, were also tested, thus allowing an 
investigation of the effect of the material production process on its resistance to SCG and 
ESC.  

2 Experimental 

2.1 Materials 

A blow moulding HDPE grade having a monomodal molecular weight distribution, 
previously studied in [32–34] and hereby indicated as HDPE-MONO, was considered. 
Fracture tests were carried out on specimens cut from compression moulded plates, 
obtained as described in [33], and from extrusion blow moulded bottles having the 
geometry shown in Figure 1.  



Figure 1 - Geometry of bleach bottles (dimensions in mm). Double Edge Notched Tension (DENT) specimens having a 
thickness of 0.5 mm were obtained from the central portion of the bottle, with longitudinal orientation parallel to its 
symmetry axis. 

As revealed by Differential Scanning Calorimetry (DSC), the production process influences 
the final crystallinity of HDPE, its degree equalling 70% and 60% after compression and 
blow moulding, respectively. Obviously, this difference has an influence on the mechanical 
properties of the considered material; Figure 2 displays the stress strain curves up to 25% 
strain obtained at 23°C and 10 mm/min on “type 5” tensile specimens [45]. As expected, 
the higher degree of crystallinity of the compression moulded material gives rise to higher 
Young’s modulus and yield stress of this specimen.  

Further, from Figure 2 it can also be observed that the curves relevant to specimens cut 
longitudinally and transversally with respect to the blow moulded bottle symmetry axis, are 
practically coincident; this result indicates that the polymer in the central region of the 
bottle has similar in-plane orientation along the two directions.  
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Figure 2 – Initial part of the tensile stress-strain curves obtained at 23°C at 10 mm/min 
for compression moulded and blow moulded specimens of HDPE-MONO. 

To determine the ESC resistance of HDPE-MONO, the employed active environment was 
derived from a commercial bleach, usually supplied in the bottles considered in this work. 
This environment was an aqueous solution containing sodium hydroxide, sodium 



carbonate, perfume and surfactants (Sol.B in [32–34]); the latter are a well known 
[1,3,5–34] ESC agent for polyethylene. At variance with commercial detergents, the 
solution used in the tests did not contain sodium hypochlorite (the actual bleaching agent) 
since, as proved in [33,34], this chemical does not affect the fracture resistance of the 
considered HDPE. In such a way the corrosion of metallic mechanical test fixtures was 
prevented. 

2.2 Specimen geometry and test conditions 

Double Edge Notched Tension (DENT) specimens having width 𝑊 of 35 mm and length 𝐿 
85 mm were die-cut from 1 mm thick compression moulded plates. The manufacturing of 
plates having a lower thickness was not possible with the equipment used during this 
work: as revealed from a preliminary production study, 0.5 mm thick plates presented 
significant distortions and, therefore, they were not adequate for the manufacturing of 
fracture specimens. A limit for plane stress condition validity was estimated, starting from 
the stress intensity factor 𝐾 data reported in [32–34] and from the relevant material yield 
stress 𝜎௒; the thickness 𝐵෠ required to have a plane stress dominated failure, determined 
from Equation (1) [46],  is equal to 6 mm – thus sensibly larger than the actual sample 
thickness.  

𝐵෠ ൌ
1
𝜋
∙ ൬
𝐾
𝜎௒
൰
ଶ

(1) 

Sharp notches with length 𝑎 of 7 mm, were introduced via die-assisted razor blade sliding, 
obtaining a final notch tip radius smaller than 5μm. This value is low enough to ensure 
consistent test results on HDPE and it was the same as that in [33,34], therefore making a 
direct comparison with the results obtained in those papers possible. Notched specimens 
were gripped to leave an effective testing size of 35 x 35 mm.  

To determine the effect of the degree of crystallinity on SCG and ESC resistance, a 
second series of specimens, having the same geometry of those just described, was 
prepared from the 0.5 mm thick central region of the blow moulded bottles, as already 
shown in Figure 1. Due to the similar in plane orientation of the polymer in this part of the 
container, all the specimens used for this study were die-cut longitudinally with respect to 
the symmetry axis, to obtain a higher number of specimens from each bottle. For the blow 
moulded material, specimens having blunt notches with different lengths and a tip radius 
of 1 mm, in which the fracture is supposed not to propagate, were also prepared to 
evaluate the plastic shape factor 𝜂௣௟ (see Section 2.3).  

Tests were conducted on an Instron 1185R5800 dynamometer and were performed both 
in air and in the presence of the active environment, already described in Section 2.1 
using the environmental chamber developed in [38]. To hasten the fracture phenomenon 
tests were conducted at 60°C, the maximum temperature above which the solution used 
separates into water and organic components. 

Fracture tests were performed at various constant displacement rates (ranging from 
0.0007 mm/min to 500 mm/min). For each displacement rate fracture initiation takes place 
at a different time, at which fracture toughness was determined as reported in Section 2.3. 
Fracture toughness vs. crack initiation time curves were then built from this data, both in 
air and in the presence of the active environment.  

Tests conducted in air at a displacement rate higher than 1 mm/min were recorded using a 
10 MPixel uEye UI 5490 SE camera with a minimum acquisition rate of 10 fps. For longer 
tests, photographs were taken using a Nikon D70 photo camera shooting at fixed intervals 



ranging from 10 s up to 10 min, depending on the duration of the test. A minimum of 1000 
images were acquired for each test. 

Due to extensive plastic deformations occurring ahead of the crack tip, a direct 
determination of crack initiation with sufficient accuracy by visual means had not been 
possible. Thus, the ligament length was measured from the collected images and plotted 
as a function of time as shown in Figure 3: in the first part of the curve the ligament length 
𝑊 െ 𝑎 slowly decreased, because of crack tip blunting, then during propagation it did so at 
a considerably higher rate. Following this observation, a blunting line was extrapolated to 
the whole duration of the test and the ratio between the actual ligament length data and 
those extrapolated from the blunting line was evaluated. Crack initiation was assumed to 
occur when this ratio reached 99%. Although this is an arbitrary threshold, it proved to be 
an objective and reliable criterion for the determination of the crack initiation time, 𝑡௜. 

Figure 3 - Ligament length vs. time curve obtained from a test conducted in air. The dotted line represents the crack tip 
blunting phenomenon; crack initiation was considered to occur at time 𝑡௜, corresponding to a 1% difference  between the 

experimental data and the blunting line. 

The active environment was a blue-coloured product (see Section 2.1 details about its 
composition), whose cloudy appearance made in-situ visual observation impossible. A 
transparent solution identical to the blue one, but without the coloured pigment, was 
sourced from the producer; unfortunately, it was available only in a very scarce amount. 
With this solution a limited number of tests were conducted, always at the temperature of 
60°C, to obtain an alternative initiation criterion, also applicable when using the 
commercial solution. In particular, considering both the ligament length and load vs. time 
curves obtained with the transparent solution, it was found that initiation occurred at a load 
𝑃௜ close to the 90% of the maximum load 𝑃௠௔௫ for blow moulded specimens and at about 
the 96% of 𝑃௠௔௫ for compression moulded ones. Very similar values of 𝑃௜⁄𝑃௠௔௫ were also 
found by analysing data from the previous tests performed in air, regardless of the applied 
displacement rate. Taking advantage of the fact that all the tests were conducted on DENT 
specimens having an identical geometry, the two identified criteria 𝑃௜⁄𝑃௠௔௫ =90% and 
𝑃௜⁄𝑃௠௔௫=96% were adopted for the determination of fracture initiation of blow moulded and 
compression moulded specimens, respectively.  

The area of the ligament, after the fracture tests, was observed using an Olympus SZ40 
stereomicroscope. 



2.3 Fracture data analysis 

Due to extensive plastic deformations developing ahead of the notch in the thin DENT 
specimens, a 𝐽 -integral approach was adopted for the evaluation of fracture data, as 
opposed to the LEFM-based approach considered in [32–34]. Following  the analysis 
proposed in [47], 𝐽 -integral can be defined as  the sum of an elastic and a plastic 
contribution: 

𝐽 ൌ 𝐽௘௟ ൅ 𝐽௣௟ ൌ 𝜂௘௟
𝑈௘௟

𝐵ሺ𝑊 െ 𝑎ሻ
൅ 𝜂௣௟

𝑈௣௟
𝐵ሺ𝑊 െ 𝑎ሻ

 (2) 

in which 𝐵 is the specimen thickness and 𝑊 െ 𝑎 is the ligament length, while 𝑈௘௟ and 𝑈௣௟ 
are the elastic and plastic components of the mechanical input energy. The shape factors 
𝜂௘௟  and 𝜂௣௟  depend on the specimen geometry through the ratio of crack length to 
specimen width; they are called elastic and plastic eta factors, respectively. 𝑈௘௟ and 𝑈௣௟ 
were computed by integrating the area under the two load vs. elastic displacement 
(𝑃 vs. 𝑢௘௟) and load vs. plastic displacement (𝑃 vs. 𝑢௣௟) curves up to crack initiation. 

The elastic displacement 𝑢௘௟ was calculated as: 

𝑢௘௟ ൌ 𝑃 ∙ 𝐶଴ (3) 

where 𝐶଴  is the initial specimen compliance evaluated from the first part of the 
load vs. displacement curve, which in the considered case was linear up to a displacement 
of0.5 mm. The initial compliance was accurately determined for each individual specimen 
to evaluate 𝑢௘௟. 

Once 𝑢௘௟ had been determined, 𝑢௣௟ was calculated as  

𝑢௣௟ ൌ 𝑢 െ 𝑢௘௟ (4) 

where 𝑢 is the overall displacement measured during the test. 

For a linear elastic material the 𝐽-integral and the energy release rate 𝐺 are equivalent, 

therefore 𝜂௘௟ can be obtained from the energy release rate calibration factor 𝜙 ቀ௔
ௐ
ቁ [48]: 

𝐽௘௟ ൌ 𝐺 ൌ  
𝑈௘௟
𝐵𝑊𝜙

ൌ  
ሺ𝑊 െ 𝑎ሻ

𝑊𝜙
∙

𝑈௘௟
𝐵ሺ𝑊 െ 𝑎ሻ

ൌ
1 െ

𝑎
𝑊

𝜙
∙

𝑈௘௟
𝐵ሺ𝑊 െ 𝑎ሻ

ൌ 𝜂𝑒𝑙 ∙
𝑈௘௟

𝐵ሺ𝑊 െ 𝑎ሻ
(5)



𝜙 ቀ௔
ௐ
ቁ  was evaluated by computing, via finite element analysis, the compliance of 

specimens having different crack lengths; 𝜂௘௟ was then obtained from Equation (5). The 

energy release rate calibration factor, 𝜙 ቀ௔
ௐ
ቁ,  and the elastic shape factor, 𝜂௘௟ ,  for the 

considered DENT specimen geometry are reported in Figure 4. 

Figure 4 - Energy calibration factor 𝜙  and elastic shape factor 𝜂௘௟ for DENT specimens. 

The plastic shape factor 𝜂௣௟ , instead, was evaluated experimentally using the method 
based on the load separation criterion also proposed in [47] and applied, more recently, to 
the characterization of the nonlinear fracture behaviour of polymers [49–58]. According to 
this theory, for a given material, geometry and loading condition the load 𝑃 is separable if it 
can be expressed as the product of a crack geometry function 𝐹 and of a material 
deformation function 𝐻 as per Equation (6): 

𝑃 ൌ 𝐹 ቀ
𝑎
𝑊
ቁ ∙ 𝐻 ቀ

𝑢௣௟
𝑊
ቁ (6)

and if, considering two blunt notched specimens having identical dimensions, with the 
exception of different notch lengths named 𝑎௜ and 𝑎௝, a separation parameter 𝑆௜,௝, constant 
in the whole domain of the plastic displacement, can be defined as: 

𝑆௜,௝ ൌ
𝑃ሺ𝑎௜ሻ

𝑃൫𝑎௝൯
ቤ
௨೛೗

ൌ
𝐹 ቀ

𝑎௜
𝑊ቁ ∙ 𝐻 ቀ

𝑢௣௟
𝑊 ቁ

𝐹 ቀ
𝑎௝
𝑊ቁ ∙ 𝐻 ቀ

𝑢௣௟
𝑊 ቁ

ቮ

௨೛೗

ൌ
𝐹 ቀ

𝑎௜
𝑊ቁ

𝐹 ቀ
𝑎௝
𝑊ቁ

ቮ

௨೛೗

(7) 

For a specimen respecting the conditions imposed by Equations (6) and (7), the plastic 
shape factor 𝜂௣௟ can be written as: 

𝜂௣௟ ൌ െ
𝑊 െ 𝑎𝑖
𝑊

∙

𝑑𝐹 ቀ
𝑎𝑖
𝑊ቁ

𝑑 ቀ
𝑎𝑖
𝑊ቁ

൙

𝐹 ቀ
𝑎𝑖
𝑊ቁ

ൌ
𝑊 െ𝑎𝑖
𝑊

∙

𝑑𝐹 ቀ
𝑊 െ 𝑎𝑖
𝑊 ቁ

𝑑 ቀ
𝑊 െ 𝑎𝑖
𝑊 ቁ

൙

𝐹 ቀ
𝑊 െ 𝑎𝑖
𝑊 ቁ

(8) 

and can be experimentally determined performing tests on various blunt notched 
specimens having different ligament lengths. These tests were hence conducted, on 
DENT specimens, at 60°C and at a constant displacement rate of 10 mm/min. The load 
vs. plastic displacement curves obtained from these tests, shown in Figure 5, were 
subsequently used to determine the separation parameter 𝑆௜,௝  displayed in Figure 6, in 
which the specimen with ligament length equal to 23 mm was considered as the reference 



one. In the first part of this curve a variable 𝑆௜,௝ can be observed and, therefore, the load in 
the first region of the plastic displacement field is not separable. This is probably related to 
the fact that, as reported in [59], a separable behaviour can be observed only after the 
plastic pattern has completely developed; this instance, for the geometry and material 
considered in this work, seems to occur only after complete ligament yielding. Figure 5 
demonstrates how the slope change following the maximum of the curves is reached at 
different plastic displacements; since 𝑆௜,௝ is the ratio of the loads measured at fixed plastic 
displacement and since the curves becomes all monotonically increasing only after this 
slope change, a peculiar “fin” shape is present in the 𝑆௜,௝  vs. 𝑢௣௟  curves of Figure 6. 
However, after the non separable region a practically constant separation parameter is 
reached in all the data: these were the values used to evaluate 𝜂௣௟.  

Figure 5 - Load vs. plastic displacement curves  
for blunt notched DENT specimens having different ligament length. 

Figure 6 - Separation parameter vs. plastic displacement curves 
 for blunt notched DENT specimens having different ligament length. 

The procedure to determine this parameter requires plotting, in a double logarithmic scale, 

the separation parameter (in the separable region) as a function of  
୛ିୟ

୛
, as done in 

Figure 7. Data can be fitted using the following expression: 

𝑆௜,௝ ൌ 𝐴 ∙ ൬
𝑊 െ 𝑎௜
𝑊

൰
௠

(9)



Moreover, since for a fixed reference specimen 𝐹 ቀ
௔ೕ
ௐ
ቁ in Equation (7) is a constant, it can 

be rewritten as: 

𝑆௜,௝ ൌ 𝐴ଵ ∙ 𝐹 ൬
𝑊 െ 𝑎௜
𝑊

൰ 
(10) 

Combining Equations (9) and (10) the following expression for 𝐹 ቀ௔೔
ௐ
ቁ is obtained: 

𝐹 ൬
𝑊 െ 𝑎௜
𝑊

൰ ൌ 𝐴ଶ ∙ ൬
𝑊 െ 𝑎௜
𝑊

൰
௠ (11) 

Finally, inserting Equation (11) in Equation (8), 𝜂௣௟ can be evaluated as: 

𝜂௣௟ ൌ
𝑊 െ 𝑎௜
𝑊

∙

𝑑𝐹 ቀ
𝑊 െ 𝑎௜
𝑊 ቁ

𝑑 ቀ
𝑊 െ 𝑎௜
𝑊 ቁ

൙

𝐹 ቀ
𝑊 െ 𝑎௜
𝑊 ቁ

ൌ
𝑊 െ 𝑎௜
𝑊

∙
𝑚𝐴ଶ ∙ ቀ

𝑊 െ 𝑎௜
𝑊 ቁ

௠ିଵ

ቀ
𝑊 െ 𝑎௜
𝑊 ቁ

௠ ൌ 𝑚 

(12) 

To determine more accurately the plastic shape factor, 𝑆௜,௝ was evaluated multiple times, 
considering each individual tested specimen as the reference one (Figure 7). The average 
of the relevant slopes, corresponding to 𝑚, was then evaluated as η୮୪ ൌ 0.820 ±0.014.  

Figure 7 - Separation parameter vs. ligament to width ratio curves. 

Once the values of both elastic and plastic shape factors were known, Equation (2) was 
rewritten as: 

𝐽 ൌ 0.66 ∙
𝑈௘௟

𝐵ሺ𝑊 െ 𝑎ሻ
൅ 0.82 ∙

𝑈௣௟
𝐵ሺ𝑊 െ 𝑎ሻ

 (13) 

finally leading to the evaluation of 𝐽-integral at crack initiation, considered as the critical 
fracture parameter in this study. 

3 Results 

Figure 8 shows an example of specific load vs. displacement curves obtained from blow 
moulded specimens tested in air and in the presence of the active environment, performed 
at the same displacement rate (0.01 mm/min). Even if the two curves are perfectly 
overlapped up to crack initiation in the active environment (taking place at a displacement 
of approximately 2.5 mm), the overall behaviour of the two specimens is very different. 



Crack initiation in air occurs later. The specific energy 𝑈௜/𝐵, evaluated as the area under 
the curve up to the displacement at crack initiation 𝑢௜ , decreased by nearly 30% in 
presence of the active environment. Given this sensitivity, initiation data can be reliably 
used to characterize the ESC resistance of the considered material. To this purpose, 
starting from the load displacement curves, and using the procedures described in 
Section 2, 𝐽 at crack initiation and the relevant crack initiation time, 𝑡௜, were evaluated for 
each tested specimen; in the following, these two quantities were used to build LogሺJሻ vs. 
Logሺt୧ሻ initiation curves.  

For a greater clarity, the effect of the stress state and that of the production process are 
described separately in Section 3.1 and Section 3.2.  

Figure 8 - Specific load vs. displacement curve obtained from blow moulded DENT specimens 
 tested in air and in active environment at a displacement rate of 0.01 mm/min. 𝑢௜ is the displacement at crack initiation 

and 𝑈௜/𝐵 is the specific energy required to have crack initiation. 

3.1 Effect of stress state 

3.1.1 Fracture behaviour in air 

The results obtained from compression moulded specimens tested in air at different 
displacement rates are shown in Figure 9, where relevant data (black squares) were 
compared with the known plane strain behaviour (red triangles) of the same material 
[32–34]. Previous data had been obtained through LEFM and, accordingly, the energy 
release rate 𝐺 was taken as an equivalent measure of 𝐽.  



Figure 9 - 𝐿𝑜𝑔ሺ𝐽ሻ vs. 𝐿𝑜𝑔ሺ𝑡௜ሻ  curves of compression moulded HDPE-MONO tested  
under plane stress (black squares) and plane strain (red triangles) conditions in air.  

Plane strain data were reproduced from [32–34]. 

The variation of the slope of the plane strain curve observed at about 10 s and at a value 
of 𝐽 of about 14 kJ/m2 corresponds to a ductile to brittle transition, in accordance with 
findings reported in [60–63] and supported by the fractographic studies conducted in [34].  

Plane stress 𝐿𝑜𝑔ሺ𝐽ሻ  vs. 𝐿𝑜𝑔ሺ𝑡௜ሻ data seem to follow a very similar trend of the curve 
corresponding to ductile behaviour. Figure 10(a) shows how the broken ligament looks like 
after a typical test for a plane stress specimen. The overall character of the fracture 
process seems to be ductile in this case. Within the considered experimental window no 
slope variation can be detected under plane stress conditions. 

(a) (b) 
Figure 10 - Examples of the ligaments of two specimens after a fracture test (a) in air and (b) in active environment. The 

same fracture phenomenology was observed for compression moulded and blow moulded specimens. 

3.1.2 Fracture behaviour in active environment 

Figure 11 reports fracture data showing the effect of the environment for both stress states 
in comparison with the relevant behaviour in air; for the latter case data points were 
replaced with the trend lines depicted in Figure 9, to avoid excessive clutter in the graph. 



Figure 11 - 𝐿𝑜𝑔ሺ𝐽ሻ vs. 𝐿𝑜𝑔ሺ𝑡௜ሻ  data for compression moulded HDPE-MONO tested  
under plane stress and plane strain conditions in air (continuous line) and in active environment (symbols and dashed 

lines). Plane strain data were reproduced from [32–34]. 

Similarly to what had been observed in [38,40,44], the active environment causes a sharp 
reduction in the fracture resistance only after a critical interaction time 𝑡௜

∗, which can be 
identified by looking at the intersection of the air and environment branches of the 𝐿𝑜𝑔ሺ𝐽ሻ 
vs. 𝐿𝑜𝑔ሺ𝑡௜ሻ curve. Under plane strain conditions this intersection occurs when  the fracture 
mechanism in air is already brittle failure, which is governed by crazing. Under plane 
stress crazing does not occur or its occurring is very limited, and interestingly the 
environment itself is causing a ductile to brittle transition: a pronounced slope change in 
the 𝐿𝑜𝑔ሺ𝐽ሻ vs. 𝐿𝑜𝑔ሺ𝑡௜ሻ curve can be identified and the appearance of specimen ligaments 
after the tests (see Figure 10(b)) is indeed completely different. A direct consequence of 
this difference, related to the prevalent stress state, can be observed by comparing the two  
𝑡௜
∗ values corresponding to the two critical 𝐽-integral values, 𝐽௜

∗: since under plane strain 
conditions the diffusion of the active environment in the craze ahead of the crack tip is 
easier, due to the high surface to volume ratio in this region, 𝑡௜

∗
 ௣௟.௦௧௥௔௜௡ is shorter than 

𝑡௜
∗

 ௣௟.௦௧௥௘௦௦.   

3.2 Effect of processing 

3.2.1 Fracture Behaviour in air 

Figure 12 displays the comparison between the 𝐿𝑜𝑔ሺ𝐽ሻ vs. 𝐿𝑜𝑔ሺ𝑡௜ሻ curves of compression 
moulded (CM, already shown in Figure 9) and blow moulded (BM) HDPE, both tested 
under plane stress conditions. The two curves have a similar slope and in both cases a 
ductile failure was observed. As expected, due to the higher degree of crystallinity of 
compression moulded specimens, their relevant fracture toughness 𝐽 is higher. 



Figure 12 - 𝐿𝑜𝑔ሺ𝐽ሻ vs. 𝐿𝑜𝑔ሺ𝑡௜ሻ  curves of blow moulded and compression moulded 
HDPE-MONO tested in air under plane stress conditions. 

To clarify the phenomena involved during the fracture process, elastic ( 𝐽௘௟) and plastic (𝐽௣௟) 
contributions to 𝐽 were separately analysed. An example of the raw data processing is 
reported in Figure 13. 

In Figure 14 two components of 𝐽 are plotted as a function of the crack initiation time. Both 
𝐽௘௟ and  𝐽௣௟ show a dependence on the initiation time, thus suggesting that the variation of 𝐽 
with the initiation time is related to the time dependence of both elastic and plastic 
components. The elastic component 𝐽௘௟  (Figure 14a) seems to be unaffected by the 
production process while a relatively higher value of 𝐽௣௟  (Figure 14b) can be observed for 
compression moulded specimens. In both cases the plastic contribution to 𝐽 is 
predominant with respect to the elastic one. 



 (a) 

(b) (c) 
Figure 13 –Specific load vs. (a) displacement (b) elastic displacement (c) plastic displacement for compression moulded 

and blow moulded HDPE-MONO tested in air under plane stress conditions at a displacement rate of 0.1 mm/min. 
Consistent results were obtained from tests at different displacement rates. 

 (a) (b)  
Figure 14 - (a) elastic and (b) plastic contributions to J-integral of specimens tested in air under plane stress conditions.  

3.2.2 Fracture behaviour in active environment 

Fracture toughness data measured in presence of the active environment is plotted in 
Figure 15. Despite the different behaviour in air, which is reflected on the slightly higher 
value of 𝐽௜

∗
 ஼ெ in comparison to 𝐽௜

∗
 ஻ெ, the critical interaction time 𝑡௜

∗ is practically the same 



for compression moulded and blow moulded specimens. Beyond 𝑡௜
∗, in presence of the 

active environment, data from compression moulded and blow moulded specimens do not 
exhibit significant differences. 

Figure 15 - 𝐿𝑜𝑔ሺ𝐽ሻ vs. 𝐿𝑜𝑔ሺ𝑡௜ሻ  curves of blow moulded and compression moulded HDPE-MONO  
tested in air (continuous lines) and in active environment (symbols) under plane stress conditions. 

Analysing separately the two contributions to 𝐽 , as done in Figure 16, both 𝐽௘௟  and 
𝐽௣௟ strongly decrease with increasing 𝑡௜ ,  for initiation times greater than the critical 
interaction time 𝑡௜

∗ . In both cases, data from compression moulded and blow moulded 
specimens seem to lie on the same curve. Figure 17 reports for all specimens tested the 
ratio between the 𝐽௘௟ and 𝐽௣௟ values obtained in air and in active environment. It can be 
observed that the decrease due to the presence of the active environment is larger for 𝐽௣௟ 
than for 𝐽௘௟ thus suggesting that the environment causes mainly a reduction of the plastic 
deformations before crack initiation. These findings are consistent with the observation of 
the micrographs in Figure 10, showing the evident decrease of plasticity in the 
compression moulded specimen tested in the active environment compared to the one 
tested in air.  

 (a) (b)  
Figure 16 - (a) elastic and (b) plastic contributions to 𝐽 

of specimens tested in air (continuous line) and in environment (symbols). 



 (a) (b)  
Figure 17 –Variation of the elastic and plastic contributions to 𝐽 due to the presence of the active environment in (a) 

compression moulded and (b) blow moulded specimens. 

4 Discussion 

As described in [36,61,64], when a semicrystalline polymer like HDPE is mechanically 
loaded, the more compliant amorphous phase, mainly constituted by tie molecules 
connecting adjacent crystallites, will deform easily at first. However, if the mechanical 
stress is sufficiently high, once the tie molecules reach their full extension irreversible 
shear deformations take place in the crystalline phase causing a fragmentation of polymer 
crystals into smaller units called “mosaic blocks” and leading to a ductile failure. On the 
other hand, if the mechanical stress is not sufficient to plastically deform polymer 
crystallites, tie molecules disentanglement takes place instead and brittle failure usually 
occurs. The results obtained in the present work are in good agreement with this 
deformation model, with the identification of the different active mechanisms depending on 
the applied loading conditions. 

Considering first the behaviour in air, it was observed in Figure 9 that all the plane stress 
data follow a trend very similar to the curve that under plane strain conditions corresponds 
to a ductile fracture. Since ductile fracture mainly takes place in the crystalline phase it is 
reasonable to expect that the same amount of specific energy will be required to drive an 
increase in the crack length for the two stress states. Conversely, if the degree of 
crystallinity is significantly different, as is the case for the blow moulded and compression 
moulded specimens, a higher amount of energy will be associated to crack extension of 
the more crystalline material, as revealed by the comparison of 𝐽 and, in particular, of 𝐽௣௟ 
(see Figure 12 and Figure 14, respectively). When fracture occurs for a value of 𝐽 below 
14 kJ/m2, a brittle failure mechanism becomes predominant under plane strain conditions, 
indicating that in this regime the fracture process is governed by tie molecule 
disentanglement. For specimens under plane stress no evidence of a brittle regime was 
found in air within the explored time range. 

Regarding the effect of the active environment, for times longer than 𝑡௜
∗ , a local 

plasticization of the material is likely to occur at the crack tip, where crazes nucleate 
[18,36,65]; the consequent acceleration of tie molecules disentanglement therefore 
promotes brittle failure. For the material studied in this work, under plane strain conditions 
this plasticization begins to occur when crazing is already the dominant (brittle) fracture 
mechanism; conversely, under plane stress conditions at the relevant critical interaction 
time it is the environment itself which causes a ductile to brittle transition. It is interesting to 



compare the critical interaction times 𝑡௜
∗ obtained for the two stress states: under plane 

stress conditions (under which shear yielding is mainly occurring) a longer time is required 
by the active environment to significantly interact with the tie molecules in the amorphous 
phase. Obviously, due to the different failure mode observed in air for the two stress 
states, the relevant 𝐽∗௣௟.௦௧௥௘௦௦ is higher than 𝐽∗௣௟.௦௧௥௔௜௡.  

The production process is not expected to modify the aspects of the molecular structure 
which control ESC resistance, such as the molecular weight distribution [2,66] or the 
presence of side groups in the polymeric chain [67,68]; in turn, as expected, the 
compression moulding and blow moulding specimens significantly differed in their degrees 
of crystallinity. Accordingly, (i) the level of J is different in air under plane stress conditions, 
where ductile fracture takes place and the behaviour of the crystalline phase dominates 
failure; (ii) in the presence of the active environment, where the failure mode switches to 
tie molecules-controlled brittle fracture, there is no apparent effect of the production 
process and all the relevant data lie on the same curve, as observed in Figure 15.  

5 Conclusions 

The Slow Crack Growth and Environmental Stress Cracking of a high density polyethylene 
were investigated under plane stress conditions following a 𝐽-integral approach. The main 
findings of this research are: 

- The ductile to brittle transition previously observed under plane strain tests in air on the
same polyethylene was not observed under plane stress. In this case only ductile failure
occurred. Nevertheless, the ductile fracture part of 𝐽 vs. fracture initiation time curves is the
same irrespective of the applied stress state, indicating that the same mechanism, likely
related to the fragmentation of polymer crystalline domains, controls failure.

- The critical interaction time necessary for the active environment to cause Environmental
Stress Cracking was an order of magnitude longer under plane stress. This can be
explained considering the different active failure mechanisms. Under plane strain brittle
failure is already dominant when the environment begins to play a role: when a crack
propagates starting from a craze, the environment likely accelerates the process of tie
molecule disentanglement. Under plane stress instead, ductile fracture with extensive
shear yielding occurs over the whole range of initiation times explored and the penetration
of the solution into the amorphous phase is hindered. A much longer time is thus required
to grant sufficient penetration and finally activate tie molecules disentanglement, so that
brittle fracture can take place.

- Tests under plane stress on specimens with two different degrees of crystallinity, as
obtained by two different production processes, showed that a higher value of this variable
gives rise to increased fracture toughness in air. In presence of the active environment the
behaviour of the two specimens was instead very similar and the obtained data lie on the
same 𝐽 vs. fracture initiation time curve. The analysis of the individual elastic and plastic
components of 𝐽 suggests that plastic deformations of polyethylene crystalline domains
are suppressed in presence of the active environment, with tie molecule disentanglement
likely becoming the dominant failure mechanism.

These findings highlight the complex interrelation existing between ESC and the applied 
stress state. Given the high number of applications in which ESC limits product lifetime, it 
is of great importance that future studies do not neglect these aspects by limiting 
themselves to typical plane strain analysis. At the same time, a better understanding of the 
specific role played by the production process in determining environmental fracture 



resistance will hopefully provide material producers with useful insight to develop better 
solutions. 
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