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Abstract

Polyethylene (PE) is widely utilized in several industries due to its versatility and mechanical strength, yet its
long-term performance is often hindered by slow crack growth (SCG) and environmental stress cracking (ESC).
This study quantitatively evaluates the influence of key morpho-structural parameters on SCG and ESC
resistance in PE, using a linear elastic fracture mechanics (LEFM) approach to assess the effect of different
comonomers on fracture toughness. Four PE materials were analyzed: two medium molecular weight, linear
low-density polyethylenes (LLDPE) co-polymerized with 1-butene (Material A) and 1-hexene (Material B); a
high molecular weight LLDPE copolymerized with 1-hexene (Material C); and a medium molecular weight,
high-density polyethylene (HDPE) homopolymer (Material D). The results confirm that molecular weight is a
dominant factor in enhancing stress cracking resistance, with the high molecular weight LLDPE (Material C)
showing superior performance. Moreover, despite nearly identical structural parameters, Material B
exhibited significantly higher SCG and ESC resistance compared to Material A, highlighting the critical role of
the commoner type. The research identified three distinct environmental regimes influencing fracture
behavior, each dependent on the applied stress intensity factor (K) and material properties. These regimes
are: (1) no significant environmental effect at high K values, where fracture is dominated by the material's
inherent properties; (2) partial plasticization of craze fibrils at intermediate K values, due to limited diffusion
of environmental agents into the crack tip; and (3) full plasticization of craze fibrils at low K values, where
extensive diffusion accelerates environmental stress cracking (ESC). By demonstrating how morpho-structural
parameters and environmental conditions together influence polyethylene's resistance to SCG and ESC, this
study improves our understanding of the underlying mechanisms and underscores the effectiveness of LEFM
in evaluating long-term material performance. This knowledge can guide the design with polyethylene
materials aimed at improving long-term durability for industrial applications.
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Polyethylene

Slow Crack Growth

Environmental Stress Cracking

Environmental Stress Cracking Resistance

High Density Polyethylene

Linear Low-Density Polyethylene

Tie Molecule

Crack length

Initial crack length

Final crack length

Time

Initiation time

Propagation time

Total time to failure

Mode I stress intensity factor

Mode I energy release rate

Constant material dependent value relating crack initiation to the stress intensity factor K
Constant material dependent value relating crack initiation to the stress intensity factor K
Constant material dependent value relating crack speed to the stress intensity factor K
Constant material dependent value relating crack speed to the stress intensity factor K
Molecular weight

Probability of formation of a Tie Molecule for a linear chain of molecular weight M
End-to-end distance of an ideal chain

Mean square value of the end-to-end distance

3

Coefficient of the H-B model defined as b* = ——
2<rs>

Number of molecules with a molecular weight between M and M + dM

Probability of formation of a tie molecule for a given molecular weight distribution, it represents the

fraction of molecules that form tie molecules
Lamella thickness

Amorphous phase thickness

Long period, defined as L, = 21 + [,

Radius of gyration




H-B
SCB
SCBD
GPC
NMR
DSC
cM
FPB

E(t)
F50
SENB

Number-average molecular weight
Weight-average molecular weight
Molecular weight distribution
Huang-Brown model

Short Chain Branching

Short Chain Branching Distribution
Gel Permeation Chromatography
Nuclear Magnetic Resonance
Differential Scanning Calorimetry
Compression Moulded

Four Point Bending

Stress

Strain

Time-dependent relaxation modulus
Time taken for 50% of the Bell Telephone Test specimens to fail
Single Edge Notched Bending
SENB specimen Width

SENB specimen thickness

SENB specimen grooved thickness
Span length in FPB configuration
Linear Variable Displacement Transducer

Applied load
Shape factor to calculate the stress intensity factor

Effective thickness of grooved SENB samples

Displacement

Energy release rate calibration factor

Energy release rate calibration factor relative to Four Point Bending configuration

Poisson’s ratio
True stress
Stretch

Strain hardening modulus




Q Flow rate
Permeability
n Viscosity
Vp Pressure gradient
C Sample compliance
D(t) Time dependent creep compliance
c(0) Initial compliance of a specimen without any defect
Arpp The deflection of a beam in a four-point bending (FPB) setup
[0) (%) Geometric factor in the compliance calibration equation
D*(t) Apparent compliance

1. Introduction

Polyethylene (PE) is one of the most widely produced plastics globally due to its versatility, durability, and
cost-effectiveness. The polymer's widespread use is due to its excellent chemical resistance, good mechanical
properties, and ease of processing, making it a staple material in numerous industries.

From an engineering standpoint, to design long-lasting polyethylene products, three primary failure modes
must be considered: ductile failure, quasi-brittle failure, also known as rapid crack propagation (RCP), and
brittle failure known as slow crack growth (SCG) [1].

Ductile failure occurs when the material undergoes significant plastic deformation before rupture. The
controlling factor for this failure is the yield stress of the polymer. In standard tests on pipes at constant
hydrostatic pressure [2] it is typically associated with localized expansion or "ballooning" of the pipe [1,3,4].

Rapid crack propagation (RCP) occurs when a component is subjected to a sudden and intense load, usually
at low temperatures. In this failure mode, any pre-existing or newly initiated crack can propagate through the
material at extremely high speeds, often exceeding 100 m/s. Unlike ductile failure, RCP happens with minimal
or no plastic deformation and can result in catastrophic failure [5,6].

Slow crack growth (SCG) is usually the most dominant failure mechanism in polyethylene products, typically
occurring over extended periods under sustained low-stress conditions. It is typically initiated by surface
imperfections such as scratches or notches, which act as stress concentrators, causing crack formation and
propagation [7-9]. SCG develops slowly and often goes unnoticed until the material reaches a critical point,
leading to failure. SCG can be driven by intrinsic properties of the material or accelerated by the influence of
the environment. This phenomenon is particularly critical in applications requiring long-term durability, such
as gas pipes, water distribution systems, and storage tanks.

A phenomenon closely related to SCG is Environmental Stress Cracking (ESC), in which the progression of slow
crack growth is accelerated when polyethylene is exposed to surface-active agents under stress. These agents
do not alter the polymer's chemical structure but drastically reduce the time to failure, by accelerating crack
initiation and propagation. ESC often begins with localized crazing and cracking, triggered by the plasticization
of the polymer surface in contact with environmental factors like chemicals or solvents. In ESC, the same crack
growth mechanisms observed in SCG occur, but at a significantly accelerated rate due to environmental
factors, making it a critical consideration in the design of polyethylene products intended for long-term use



under stress [10,11]. Over the past four decades, the practical importance of slow crack growth has driven
the polyethylene industry to continuously develop improved resins with enhanced SCG resistance [6,12—-14].
As a result, SCG remains a key area of research due to its ongoing relevance in ensuring the long-term
durability of PE products in demanding applications [1,15—19]. Additionally, since active environments in ESC
accelerate the same crack growth mechanisms of SCG, this phenomenon is exploited to expedite the testing
of increasingly tough materials, providing valuable predictive insights into their long-term performance in a
reduced amount of time.

The resistance of polyethylene to SCG and ESC is closely tied to its molecular structure, with its behavior
under stress determined by several key morpho-structural parameters playing a critical role in its behavior
under stress [12,21]. This article aims to quantitatively evaluate the influence of these parameters using a
linear elastic fracture mechanics (LEFM) approach, particularly focusing on how different types of comonomer
affect fracture toughness. By applying LEFM, a clearer understanding of the mechanisms through which
comonomers modify the material’s resistance to slow crack growth can be established, ultimately offering
insights into optimizing the long-term performance of polyethylene under various stress conditions.
Traditional testing methods for assessing stress cracking often provide qualitative or comparative data that
can be influenced by testing conditions and material properties unrelated to fracture resistance, such as
sample geometry or environmental factors. Moreover, their limitations, in terms of both the amount of
information provided (typically a single ranking parameter) and its accuracy, hinder the possibility of
establishing clear structure-properties relationships for the materials under investigation. The application of
LEFM is thus crucial to achieve the objectives of this study. Additionally, a LEFM-based approach can provide
reliable quantitative predictions of product lifetime, which can be of high interest for the industry (e.g. in view
of optimizing the content of recycled materials, striking an optimal balance between performance and
sustainability).

2. Background

2.1 SCG and ESC testing methods

Accurately assessing slow crack growth resistance in polyethylene is essential for predicting the long-term
performance of PE products. To address this need, various testing methods have been developed, spanning
from conventional long-term tests to accelerated techniques leveraging ESC mechanisms, such as the Full
Notch Creep Test [20], Pennsylvania Edge Notched Tensile test [21] and Cracked Round Bar [13,22-28]. The
following section outlines the specific methods employed in this study.

- Bell Telephone Test: the Bell Telephone test [29] is a well-established method used to evaluate the
ESC resistance of ethylene plastics. Bent specimens, each containing a controlled defect, are exposed
to surface-active agents under a constant strain and temperature. The test measures the time until
cracking occurs. It is one of the oldest SCG testing methods and it has been selected because it is the
current standard adopted at the industrial level to evaluate the Environmental Stress Cracking
Resistance (ESCR) of polyethylene materials.

- Strain Hardening Modulus Test (SHM): In recent years, the strain hardening modulus has gained
widespread recognition as a reliable and efficient method to evaluate SCG behavior in polyethylene
materials [19,30-33] and it has become a standard measure to predict resistance to stress cracking
[34]. Derived from a simple tensile test performed at high temperature, this parameter provides a
faster alternative to traditional long-term SCG tests and is increasingly being adopted within the
industry. A high strain hardening modulus is expected to reflect a high resistance to disentanglement
of the tie molecules within the polymer structure, factor that should also govern resistance to SCG
[30]. The SHM Test is particularly attractive for ranking purposes due to its straightforward specimen




preparation and ease of execution; the main difficulty associated with the method is the need for a
sufficiently large crosshead stroke, which could be limited by the oven size.

- Fracture Mechanics (FM): Fracture Mechanics represents the state of the art of fracture testing and
can provide predictive information, leading to a richer material characterization. In particular, if the
size of the plastic zone near the crack tip is negligible Linear Elastic Fracture Mechanics (LEFM)
principles can be adopted [35—37]. Although a standardized method for testing SCG and ESC with
LEFM does not currently exist, this framework has been successfully employed to quantitatively
predict the phenomenon in polymers [9,17,38-48]. Due to the intrinsic viscoelastic nature of
polymers, the time-dependent aspect of fracture behavior must also be considered. In fact, to study
the time dependency of fracture in viscoelastic materials, the total failure time t; should be calculated
as:

tf:ti+tp (1)

where t; is the crack initiation time and t,, is the propagation time needed for the crack to grow until
failure. These characteristic times depend on the properties of the material through the stress
intensity factor K; in the present work only mode | is considered. Power law dependencies such as
those reported in Equations 2 and 3 are usually chosen to represent the fracture behaviour of
polymers [36,49]:

t;=A; K" (2)
da m
—=4y-K (3)

where A4, A,, n and m are constant values related to the properties of the material and the
considered environment. Knowing the initial crack length a, and the failure crack length ay, it is hence
possible to determine the propagation time by simple integration:

f“f da
t, = —
14 o AZ'Km (4)

Finally, by combining Equations 1, 2 and 4 and knowing the value of the applied mechanical stress (related to
K), it will be possible to predict the lifetime of a given component.

2.2 Tie Molecules in Polyethylene SCG

SCG generally occurs when a tensile load induces high stress concentrations at specific sites within the
polymer, such as those formed by scratches, flaws, cracks, dust particles, or molecular heterogeneities
[32,35]. These stress concentrations induce yielding in the amorphous regions, followed by the fragmentation
of crystalline lamellae and partial chain unfolding [25,50]. This sequence of events leads to the formation of
crazes in localized regions where highly oriented microfibrils bridge the gap across the developing crack.
Although these crazes temporarily resist crack propagation, the fibrils eventually fail under continued stress
[51-53]. Fracture under SCG conditions is generally interlamellar, meaning it occurs between the crystalline
lamellae, as has been observed in the literature [54,55]. The interlamellar nature of SCG is crucial because tie
molecules play a fundamental role in connecting adjacent crystalline regions through the amorphous phase
[56]. These tie molecules, which bridge the lamellae, are widely regarded as the primary mechanism for
resisting fracture [57-59]. When stress is applied, tie molecules stretch and absorb energy, preventing the
lamellae from separating. However, under prolonged stress, particularly at low stress levels, these tie



molecules gradually untangle and break, leading to the brittle failure of the material [60,61].
The density of tie molecules is a critical factor in determining polyethylene's resistance to SCG, since it is
directly related to the mechanical resistance of craze fibrils [7,62].

The number of the tie molecules and their effectiveness in resisting fracture strongly depend on the molecular
structure. The Huang-Brown (H-B) model [58,63], one of the earliest proposed frameworks, provides a simple
yet effective approach to understand how molecular weight, crystallinity, and chain architecture impact tie
molecule formation. While later models have expanded and refined this approach [59,64—-69], the H-B model
remains a valuable tool in describing how these molecular parameters affect SCG. According to the model,
tie molecules can form when polymer chains are long enough to span the amorphous layer and connect
adjacent lamellae (Figure 1). The probability of a chain forming a tie molecule is governed by its molecular
weight and the thickness of the crystalline and amorphous layers.

Assuming that the chain topology is generally preserved after crystallization [70], the probability of formation
of a Tie Molecule (TM) for a linear chain of molecular weight M is:

“r2 exp(—=b2r?) dr
POy =1pr xp( ) (5)
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Figure 1: (A) Random coil configuration of an ideal chain of PE showing the corresponding radius of gyration (Rg). (B) lllustration
of the conditions required to form tie molecules, as defined by Huang and Brown [58,63].
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Where b? = —
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M. The value of P gives the probability for a randomly coiled chain of a particular molecular length to span a
distance L, = 2l + lg, where [ is the lamella thickness and [,is the amorphous phase thickness. The factor

and < r? > is the mean square value of the end-to-end distance, which is proportional to

1 . . . .
3 was introduced because two dimensions of the lamellar structure are much larger than the long period L,,.

Equation 5 is valid for an ideal monodisperse system. For a real polymer the actual distribution of molecular
weights must be taken into account; therefore, the probability of formation of a tie molecule for a given
molecular weight distribution is:

Jy n(M)P(M)dM

PTM: fooon(M)dM (6)

where n(M) is the number of molecules with a molecular weight between M and M + dM. Following this
approach, the probability Py, represents the fraction of molecules that form tie molecules [58].

While experimental techniques for measuring the density of tie molecules have been developed [64,71-74],
they often require sophisticated equipment or are time-consuming, which can limit their widespread use. In
contrast, the H-B model offers a simpler and more accessible approach to estimate TM concentration.



However, the model has its limitations: it doesn’t account for complex features such as chain entanglements
and branching, and it only considers two-lamella connections, which fails to capture the behavior of longer
molecules that can form multi-lamellar networks. Although not a comprehensive model of the SCG process,
the H-B framework remains a valuable tool for gaining insights into how structural parameters such as
molecular weight, short chain branching, and crystallinity may influence SCG resistance.

2.3 Structural parameters that affect SCG and ESC resistance

The resistance of polyethylene to SCG and ESC is closely tied to its molecular structure, with its behavior
under stress determined by several key morpho-structural parameters [12,75]. Below, the most relevant
parameters which influence fracture toughness are presented, listed according to their relative importance
with respect to stress cracking behavior.

Molecular weight: Molecular weight is a crucial factor in determining polyethylene's resistance to SCG and
ESC. Since the 1950s [8], it has been observed that higher molecular weight grades of polyethylene exhibit
significantly better resistance to these failure mechanisms. This improvement is primarily due to the increased
formation of tie molecules. Today, the relationship between molecular weight and tie molecule density is
accepted as one of the key determinants of fracture toughness in polyethylene [12,58,75-77]. However,
increasing molecular weight presents challenges in terms of processability. Higher molecular weight polymers
have increased viscosity, which can hinder manufacturing processes.

Degree of crystallinity and crystallite dimensions: The degree of crystallinity in polyethylene plays a key role
in its resistance to SCG and ESC, with lamellar thickness being the primary contributor to this influence.
Crystalline regions provide the material’s rigidity and increase resistance to ductile failure, but thicker
lamellae reduce the number of tie molecules leading to a trade-off between stiffness and toughness. Lu and
Brown [78] demonstrated that faster cooling produces thinner lamellae, which may reduce the material’s
stiffness but enhance its resistance to ESC, while slower cooling promotes the formation of thicker lamellae.
To optimize polyethylene’s resistance to stress cracking, lamellar thickness must be carefully managed. A
balance between sufficiently thick lamellae to provide structural integrity and enough tie molecules to
maintain toughness is essential. For the same molecular weight, the H-B model predicts a higher probability
of forming a tie molecule for a system with thinner lamellae (see Figure 2). However, drawing definitive
conclusions remains challenging, as the thickness of both the amorphous phase and the crystalline lamellae
also depends on molecular weight [79].
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Figure 2: Probability of forming a tie molecule (P(M)) as a function of molecular weight (M) for a monodisperse system, calculated
using the Huang-Brown (H-B) model. The calculations are made for long periods Ly=2l-+l. of 20 nm and 40 nm. The dashed line
represents the maximum probability of 1/3 for tie molecule formation.

Short chain branching: Short chain branching (SCB) is another critical factor that influences the mechanical
properties of polyethylene (PE). The effect of SCB on PE is primarily mediated through its impact on
crystallinity and the polymer’s microstructure. Short chain branches disrupt crystallinity, making the polymer




more flexible and increasing the density of tie molecules for the same molecular weight [80,81]. The presence
of short chain branches, such as butyl groups, significantly slows the crack growth rate compared to
homopolymers. A copolymer can exhibit a SCG rate several orders of magnitude slower than a homopolymer
with comparable molecular weight and density. This slower crack propagation is also attributed to the
increased difficulty of disentangling branched molecules through the crystalline regions, making it harder for
cracks to propagate (Figure 3) [63,82].
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Figure 3: Percentage fraction of tie molecules plotted against butyl branch density, adapted from [63].

Short chain branching distribution: The distribution of short chain branches (SCBD) significantly affects the
crystallization behavior, mechanical properties, and long-term fracture resistance of polyethylene. Including
short chain branches within high molecular weight chains promotes the formation of tie molecules [83—85].
In multimodal PE resins, the preferential placement of SCBs in the high molecular weight fraction significantly
enhances ESC resistance and other long-term mechanical properties [6,64]. Heterogeneities in branch
distribution can also alter the initiation and propagation of cracks under stress [15]. Thus, optimizing SCBD in
PE resins is essential for applications requiring long-term durability.

Molecular weight distribution: The molecular weight distribution (MWD) is another key factor influencing
SCG and ESC resistance in polyethylene. In monodisperse systems, there is limited experimental evidence
directly linking MWD to SCG and ESC resistance. Hosoda et al. [86] conducted detailed investigations on
fractionated linear low-density polyethylene (LLDPE), showing that MWD affects the formation of tie
molecules. They found that molecular weight fractions above 5 - 10* g/mol contribute notably to the material
toughness, increasing the concentration of tie molecules, while the lower molecular weights behave in a very
brittle manner. Materials with higher molecular weight fractions are more likely to form the tie molecules
necessary for resisting long-term stress cracking. Despite the experimental gaps in understanding the role of
MWD in SCG and ESC for monodisperse systems, the H-B model can be used to examine the probability of tie
molecule formation for a gaussian molecular weight distribution system. As the attached graph illustrates
(Figure 4), the results indicate that the number-average molecular weight (M) exerts minimal influence on
tie molecule density, with the weight-average molecular weight (My) being the primary factor determining
tie molecule formation. This suggests that, within monodisperse systems, MWD plays a limited role, and
fracture resistance is predominantly governed by M,,. It is important to note that the H-B model does not
account for the possibility of longer chains forming multiple connections between lamellae, potentially
underestimating the contribution of high molecular weight molecules.
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Figure 4: The predicted percentage of tie molecules is presented as a function of the polydispersity index (Mw/My) for polyethylene
systems with varying weight-average molecular weights. These calculations are based on the Huang-Brown model, assuming a constant
long period (Lp) of 30 nm and considering the molecular weight distribution curve to follow a Gaussian profile.

In contrast, bimodal and multimodal polyethylene systems exhibit a much more significant influence of MWD
on SCG and ESC resistance. Bimodal resins enable the incorporation of SCB predominantly on the longer
polymer chains within the MWD, enhancing the formation of tie molecules. The development of such
materials has led to the creation of high-performance polyethylene grades, such as PE100, which combine
high stiffness with superior crack resistance [6]. Multimodal systems, provide even greater control over
mechanical properties and they also offer advantages in terms of processing, as they exhibit superior melt
strength and are less prone to sagging during large-diameter pipe extrusion [6]. In summary, while the impact
of MWD on SCG and ESC resistance in monodisperse systems appears limited, bimodal and multimodal
systems leverage MWD to achieve superior mechanical properties.

Length of chain branch — type of comonomer: The impact of chain branch length on SCG resistance of PE is a
complex and nuanced subject that remains an open question in the field. Literature suggests that the length
of SCBs, such as ethyl, butyl, and hexyl groups, affects both crystallinity and tie molecule formation, thereby
influencing SCG behavior. However, isolating the effect of branch length from other variables like molecular
weight, branch content, and distribution is challenging. Gupta et al. [87] investigated this effect in linear low-
density polyethylene (LLDPE) films and observed that longer branches significantly enhance crack
propagation resistance. Similarly, Yeh et al. [88,89] found that increasing the length of SCBs improves static
fatigue performance, with failure times rising considerably as branch length extends from ethyl to hexyl. They
attributed this improved SCG resistance to the increased sliding resistance of longer SCBs, which makes it
harder for polymer chains to disentangle and deform under stress. However, the precise mechanisms by
which side chain length alters the microstructure, and thus influences fracture toughness, are not yet fully
understood. For instance, Hosoda [90] conducted experimental measurements using C13 NMR and found
that the probability of branch inclusion into the crystalline phase for both 1-butene and 1-hexene branches
was similarly low, around 6%. This suggests minimal difference in their behavior during crystallization and
indicates that both types of branches are predominantly excluded from the crystalline regions. Doran [91],
using molecular dynamics simulations, reported that shorter branches like 1-butene are more likely to be
incorporated into the crystalline phase than longer branches like 1-hexene. Specifically, the inclusion
probability was 9.8% for 1-butene compared to just 2.5% for 1-hexene. This implies that shorter branches
disrupt the crystalline lattice less, potentially affecting the material's mechanical properties differently than
longer branches. Zhang [92] and Sanmartin [93] also contributed to this discussion through molecular
dynamics simulations. Zhang found that both 1-butene and 1-hexene branches tend to be excluded from the




crystalline phase, decreasing crystallinity. Sanmartin observed that both butyl and hexyl branches are nearly
completely excluded from crystalline regions, with the exclusion being slightly more pronounced for hexyl
branches. These conflicting findings highlight the complexity of determining the exact role of branch length
in SCG resistance. The discrepancies may arise from differences in methodologies, such as experimental
measurements versus simulations, or from the difficulty in isolating the effect of branch length from other
influencing factors like branch content and distribution, molecular weight, and crystallization conditions.

3. Materials

The project carried out during this research stems from a previous study conducted in 2020 [94]. The
preliminary findings of the research laid the foundation for the current investigation. The polyethylene
materials used in this study were kindly provided by Versalis, an industrial partner involved in this research.
The materials were supplied as part of a collaborative effort to investigate the relationship between molecular
structure and environmental stress cracking resistance. The focus of this work is on discerning the resistance
to ESC of four distinct materials, three copolymers and one homopolymer:

(A) LLDPE 1-butene - medium M,,

(B) LLDPE 1-hexene - medium My,

(C) LLDPE 1-hexene - high M,

(D) HDPE Homopolymer - medium M,

These materials were chosen based on their different expected resistance to ESC. Structural characterizations
were carried out to highlight the factors influencing the presence of tie molecules in the polymers. The choice
of this particular set of polyethylenes reflects a balance of factors known from the previous literature review
and the existing know-how and capabilities of the material supplier. The comparison of materials A and B,
which are almost identical except for their comonomer type, is a particularly exciting aspect of this research.
Such a little variation provides a unique chance to investigate the effects of comonomer type on the material’s
Environmental Stress Cracking Resistance (ESCR).

The main molecular properties of interest that were analyzed are shown in Table 1. Precise values for certain
properties are omitted for confidentiality reasons, and only the relative range is given.

Table 1: Properties of polyethylene materials A, B, C, and D. Characterization techniques.:' Gel Permeation Chromatography (GPC),
’Differential Scanning Calorimetry (DSC),’Nuclear Magnetic Resonance (NMR), ?Huang-Brown model.

Material Mw Mw/Mn? Crystallinity | SCB/1000C* SCBD* Comonomer lc (hm)? % Tie Expected
(kg/mol)* (unimodal) %2 wt%?3 molecules* ESCR

A 90 Medium 59 9+11 Uniform 4:6 14.5 4.4 Medium-
low

B 92 Medium 62 3+5 Uniform 3:5 16.1 3.7 Medium-
high

C 207 High 64 7+9 SCBs at 2+5 16.1 5.7 Excellent

high M

D 78 Medium 85 - 29.4 0.9 Low

To minimize orientation effects in the materials, specimens were prepared from pellets using compression
molding. Plates with a nominal thickness of 11 mm were produced for fracture testing, while thinner 1-3 mm
plates were made for tensile tests and Bell telephone test. The compression molding process followed the
procedure below:



- The pellets were heated at 170°C for 10 minutes.
- A pressure of about 2.5 MPa was applied for 5 minutes while keeping the temperature constant at 170°C.

- The pressure was increased to about 5 MPa for another 5 minutes, keeping the temperature constant at
170°C.

- While maintaining the 5 MPa pressure, the temperature was gradually reduced to room temperature. To
prevent the buildup of thermal stresses, a slow cooling rate of 1°C was employed in the temperature range
close to crystallization.

The effect of processing was evaluated by comparing the results of DSC and XRD analyses carried out on the
raw pellets and compression molded samples, as shown in Table 2. Although the low applied cooling rate
resulted in a slightly higher crystallinity, materials A and B maintained similar relative levels of crystallinity
degree and lamellar thickness after processing. Therefore, it is safe to assume that compression molding did
not significantly alter the intended structural similarities between these two materials.

Table 2: Comparison of crystallinity (%) and lamellar thickness (l.) between pellets and compression molded (CM) plates for
polyethylene materials A and B, results from DSC analysis.

Crystallinity (%) lc (nm)
Material
Pellets CM Plate Pellets CM Plate
A 58.9 63.8 14.5 17
B 61.5 64.7 16.1 19

4. Methods

4.1 Uniaxial tensile tests

Type 2 [95] dumbbell specimens were die-cut from compression-molded plates having a thickness of roughly
1 mm. Tests were conducted at temperatures of 50 °C, 65 °C, and 80 °C using constant displacement rates of
2, 20, and 200 mm/min. The purpose of these tests was to determine the relaxation modulus E(t) of the
materials and to investigate their potentially nonlinear behavior. Tests were performed on an Instron
1185R5800 electromechanical dynamometer equipped with a thermal chamber and a 10 kN load cell. To
measure specimen deformation accurately, markers were drawn along the gauge length of each specimen,
and the tests were video-recorded using a 10-megapixel uEye Ul 5490 SE camera. The time-dependent
relaxation modulus E(t) was evaluated from the engineering stress—strain (o—¢) curves obtained at different
displacement rates using Equation 7, derived from principles of linear viscoelasticity [96—99]:

(?)_Z)t =E® (7)

The curves were fitted with polynomial functions to minimize data scatter during numerical differentiation.
Subsequently, time—temperature superposition was applied to extend the experimental window, allowing for
the construction of relevant master curves at the reference temperature of 50°C.

4.2 Bell telephone tests

To rank the considered materials accordingly to an industrially recognized standard, Bell Telephone Tests were
conducted following ASTM D1693-21 procedure [29]. Ten notched samples of each polyethylene were
subjected to bending and immersed in hard glass test tubes containing a 10% (v/v) solution of Tergitol NP9
(Nonoxynol-9) at the constant temperature of 50°C. Specimens were periodically inspected for failure (i.e.
the presence of a crack visible to the naked eye). The time taken for 50% of the specimens to fail (F50) was
recorded as a measure of the material’s ESCR.



4.3 Strain Hardening Modulus tests

Following ISO 18488 [34], tensile tests were performed with the same experimental equipment listed in
paragraph 4.1 at 80°C, using a constant crosshead speed of 20 mm/min. Also, in this case the strain was
measured from the recorded videos, allowing an accurate measurement even beyond the material’s natural
draw ratio. The strain hardening modulus < G, > was determined from the slope of the true stress —stretch
(A) curve in the region beyond the natural draw ratio, specifically for A > 8. For each grade at least 5 samples,
obtained via die cutting from 2 mm thick plates, were tested to determine a standard deviation of the
measurements.

4.4 Fracture tests

Single Edge Notched Bending (SENB) specimens, with the dimensions shown in Figure 5, were fabricated from
11 mm plates using circular saw cutting followed by milling. The specimen geometry was selected to ensure
plane strain conditions, in line with previous studies on PE [18,39,41], the applicability of the LEFM approach
is then verified in paragraph 6.3.
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Figure 5: SENB specimen geometry and nominal dimensions used in the four-point bending configuration.

For tests in which the specimen was subjected to a load higher than 50 N, V-shaped grooves were machined
along the notch plane on both sides of the specimens to guide crack propagation and enhance constraint,
aiding in the achievement of plane strain conditions [100,101]. For tests during which the specimen was
subjected to a lower load it was checked that propagation occurred along the notch plane even without the
presence of V-grooves. In these cases, the load required to reach a given applied stress intensity factor was
higher with respect to V-grooved specimens, hence resulting in higher specimen displacement measurable
with higher precision with the Linear Variable Displacement Transducer (LVDT) employed during some of the
tests. The notches were introduced through automated “chisel-wise” cutting with a sharp blade, achieving a
final notch root radius of less than 10 um. In addition, a set of SENB specimens with blunt notches was
prepared using a circular profile blade with a 1 mm radius. These blunt-notch specimens were used in creep
tests for compliance calibration, as described in Appendix A.

SENB specimens were tested at 50°C to enable comparison with Bell Telephone test results. Two different
loading histories were applied: constant displacement rates (from 0.01 to 100 mm/min) and constant loads
(creep), both using the four-point bending configuration already shown in Figure 5. These loading conditions
allowed for the exploration of various time ranges, with shorter tests performed on a universal testing
machine and longer tests conducted on dedicated equipment. Previous studies [40,41,102,103]
demonstrated that the results are independent of the applied loading history.

Fracture tests were initially carried out to determine the reference fracture behavior in air. Subsequently, the
effect of an active environment was investigated by placing the specimens in flexible bags containing a 10%



(v/v) solution of Tergitol NP9, the same used for Bell Telephone tests. Constant displacement rate tests were
conducted using an Instron 1185R5800 electro-mechanical dynamometer, equipped with a 10 kN load cell,
with sample deflection measured directly from the crosshead displacement. The tests were monitored using
a 10 Mpixel ukye Ul 5490 SE camera, and crack length was measured over time to determine crack initiation
and propagation speed. Backlighting was employed to improve visibility of the crack tip, even when rim films
formed and hindered detection (Figure 6).

Figure 6: A video frame captured during a fracture test, illustrating the crack propagation. The formation and evolution of a rim film
obscures the direct visual identification of the crack tip. Backlighting was used to help estimate the crack tip s position through the thin
film forming along the sample edge.

Creep tests were performed on custom-built machines featuring two fixed lower pins and two upper pins,
where the load was applied using a pneumatic system capable of releasing a dead weight in a controlled
manner within seconds. Specimen deflection at the load pins was measured using a LVDT. A compliance
calibration method was used to assess crack initiation and propagation (see Appendix A). To implement this
procedure, the compliance of blunt-notched specimens tested under the same loading conditions as the
fracture tests was first measured, since crack initiation does not occur within a practical timeframe in the
absence of a sharp notch. With this data, along with the compliance measurements from sharp-notched
specimens during fracture tests, the crack length could be determined at any point during the tests.

Characteristic initiation and propagation curves were obtained by plotting on a log-log scale both the stress
intensity factor and the energy release rate versus the crack initiation time and the crack growth rate,
respectively.

Stress intensity factor

K was evaluated according to the following expression for SENB specimens in pure bending:

PlVma

a
K=" () gwe ®)
Where P is the applied load, L is the span length and W is the specimen width. The shape factor Y (%) was

computed according to Rooke and Cartwright [104] (see Appendix A).



An effective thickness, B*, was considered in Eq. (8) to account for the presence of side grooves [100] on the
stress distribution in the specimen ligament. In accordance with Andena et al. [40], B* was evaluated as:

B* = BO'263Bg'737 (9)

With B and B, being the sample thickness of the ungrooved and grooved sections, respectively (see Figure
5). Of course, in the case of samples without grooves, Eq. (8) was considered with B* = B.

Energy release rate

The energy release rate G for constant load tests was evaluated using the approach proposed by Williams
[36]:
G Pu 1
- a 10
26, () (10)

Where P is the applied load, u is the displacement, Wis the specimen width, By is the sample thickness of
the grooved section and (%) is the calibration factor for the considered test configuration. The derivation
for the latter is shown in Appendix B. In the case of samples without grooves B; = B is considered.

For constant displacement tests where uncertainties in crack onset determination can lead to large data
scattering when evaluating the strain energy, G was calculated from:

K(t)?
E(t)

G(t) = (1-v?) (11)

where E is the relaxation modulus and v is Poisson’s ratio. E (t) data is derived from tensile tests as explained
in section4.1.
5. Results

5.1 Evaluation of ESCR: Bell test and strain hardening modulus

OO m>

10

Figure 7: Examples of true stress (ouue) vs stretch (1) curves used to calculate the strain hardening modulus.

Figure 7 shows the results of the tensile tests performed on the PE grades to measure strain hardening. In
Table 3 the results of the Bell telephone test and strain hardening modulus for the four materials considered
are presented. As expected, material C showed high resistance to ESC and no visible fracture on the samples



could be observed within a reasonable experimental window. Conversely, sample D did not show any strain
hardening behavior after yielding and each sample broke well before reaching a stretch value of 8, as required
by ISO 18488. As can be seen from Table 3 and Figure 7, these two methods provide the same ranking

between the different materials.

Table 3: Results of the Bell test and Strain Hardening Modulus.

Material Bell test F50 (h) Strain Hardening Modulus
< Gp > (MPa)
A 32 12.2+1.3
B 1584 17.7+1.1
C >5000 27+0.8
D 2.4 -

5.2 Evaluation of ESCR: Fracture Mechanics approach
In the following, results obtained adopting a LEFM approach to quasi-static tests will be presented, first in
terms of crack initiation, and subsequently of crack propagation.

5.2.1 Crack initiation
Figure 8 shows plots of the stress intensity factor (K) and energy release rate (G) against crack initiation time
(t;) for each material tested in air and in presence of a 10% (v/v) solution of Tergitol NP9. Data from individual
tests are represented by solid (air) and hollow points (active environment) in a log-log scale, with interpolating
lines drawn using a best-fit algorithm (typically with an R? value greater than 0.8). Figure 9 provides a
comparative analysis across all materials, prioritizing clarity by omitting individual data points.
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Figure 8: Crack onset graphs for materials A, B, C, and D, showing K (4.1, B.1, C.1, D.1) and G (4.2, B.2, C.2, D.2) versus t; in air
(solid points) and active environment (hollow points). All tests were conducted at 50°C.
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Figure 9: Comparison of K (1) and G (2) vs. ti for polyethylene materials A, B, C, and D. All tests were conducted at 50°C. The solid
lines represent behavior in air, while the dashed lines correspond to tests conducted in active environment.

5.2.2 Crack Propagation

Figure 10 presents plots of the stress intensity factor (K) and energy release rate (G) versus crack speed (%)
for each material. Solid points represent the test data, fitted using a power law equation on a log-log scale.
Figure 11 offers a comprehensive comparison of trends across the materials, once again omitting the
experimental data. Data for material C has been excluded from detailed analysis due to its exceptionally high
resistance to crack propagation, which resulted in discontinuous crack growth behavior under the test
conditions (Figure 12). This type of behavior has been observed by other authors studying tough grades of PE

[105-107].
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Figure 12: Crack length (a) as a function of time after initiation (t-t;) for material C, showing discontinuous crack growth. The inset
shows a fracture surface with distinct zones of crack arrest.

6. Discussion

6.1 Bell telephone test and Strain hardening modulus

The results from the Bell telephone test, strain hardening modulus, and the theoretical calculations using the
H-B model provide valuable insights into the stress cracking resistance of the analyzed PE grades.

The Bell test is widely employed in the PE industry as a quality control tool due to its simplicity in sample
preparation and straightforward data analysis. However, comparing results across different materials presents
some challenges. In the Bell test, samples are bent and placed into test tubes, subjecting each sample to an
approximately fixed strain. The stress experienced by each material is directly related to its stiffness, with the
relaxation modulus being the key property for viscoelastic materials.

For the materials considered, reference values of the relaxation moduli obtained from uniaxial tensile tests
are provided in table 4:

Table 4: Relaxation modulus (E) values for polyethylene materials A, B, C, and D at 50°C, e = 0.1%, and t = 0.1 s.

Material | E (MPa)
A 268 + 8

B 318 +24
C 317 +12
D 839 + 22

Materials A, B, and C (LLDPEs with similar crystallinity) exhibit comparable stiffness, while material D (HDPE)
is significantly stiffer. Under the typical conditions of a Bell test, it is reasonable to assume that materials A,
B, and C experience similar stress fields, making their test results directly comparable. However, material D is
subjected to a stress field 2-3 times greater than the other materials, potentially introducing a bias in the test
results for this material.

A key observation from the Bell test results is that material B demonstrated significantly higher ESCR
compared to material A, even though both materials share nearly identical microstructural parameters, such
as molecular weight and lamellar thickness. Interestingly, the H-B model (Table 1) predicted a higher
concentration of tie molecules for material A. The critical difference between the two lies in the type and
content of the comonomer. Material B, with lower comonomer content, exhibits superior resistance to ESC.



This suggests that, despite the similar bulk properties of materials A and B, the superior performance of LLDPE
1-hexene in resisting SCG and ESC can be primarily attributed to the longer chain length of the 1-hexene
comonomer, rather than other microstructural factors. This important finding highlights the critical role of
comonomer chain length in enhancing ESCR, even when other structural parameters are comparable. The
strain hardening modulus also reflects this behavior with material B displaying a higher value of < G, > than
material A. This indicates that, despite their similar morpho-structural features, the two materials exhibit a
notable difference in the density of stress transmitters between lamellae. It remains unclear whether this
difference can be attributed solely to tie molecules or if other factors, such as entanglement density, also play
a role.

Additionally, the results emphasize the importance of molecular weight as a dominant factor in determining
ESCR. This is particularly evident when comparing material C with the other grades. Material C exhibited
significantly higher ESCR, with its F50 value exceeding the limits of the experimental window, indicating an
exceptionally high resistance to SCG. The key distinction lies in its substantially higher molecular weight
compared to materials A and B. Higher molecular weight allows for the formation of more tie molecules, this
effect is highlighted by the higher percentage of tie molecules predicted by the H-B model for material C.
Moreover, the strain hardening modulus provides additional insight into the material's superior performance.
Material C displays the highest < G, > value among the considered grades, indicating a denser network of
entanglements and tie molecules within the amorphous region.

The evaluation of the performance of material D requires careful interpretation. On one hand, its low value
of F50 can likely be attributed to the material's high rigidity. On the other hand, the predicted low percentage
of tie molecules and the strain hardening test results suggest that material D has inherently poor resistance
to SCG and ESC. The lack of strain hardening behavior further supports this conclusion. As described by
Seguela [108], a polymer's ability to stabilize necking and exhibit strain hardening depends on the balance
between strain-softening, caused by lamellar fragmentation, and strain-hardening, due to the formation of a
fibrillar structure. If a polymer does not possess adequate molecular weight, crystallinity, or tie-molecule
density, it may fail before reaching the natural draw ratio, as it lacks the necessary support for strain
hardening.

Taking all these factors into account, it is clear that material C demonstrates the highest performance,
primarily due to the combination of its high molecular weight and short chain branches that enable the
creation of an efficient network of tie molecules between lamellae. Materials A and B exhibit a surprising
pattern, with material B significantly outperforming material A. This difference can be attributed primarily to
the different comonomers used in their copolymerization. Lastly, despite the challenges in directly comparing
Bell test results, material D shows the poorest resistance to SCG and ESC. Although its molecular weight is
comparable to that of materials A and B, its high crystallinity and lamellar thickness hinder the formation of
tie molecules relative to its molecular weight, contributing to its inferior performance.

6.2 LEFM tests

As highlighted in the previous section, industrial tests for ranking ESCR struggle to provide a reliable criterion
for material comparison; moreover, the transferability of the results to the design of real-life components is
often questionable, since the actual loading conditions may differ considerably. This is why the insights
offered by the application of a FM-based approach are important: by offering a comprehensive picture of the
material toughness through the parameters K and G it is possible to evaluate intrinsic material properties
and their dependence on time and different environments. The results can then be used to predict the
lifetime of products and components exposed to aggressive environments.

When examining the data from the tests, it is important to remark why both K and G were included in the
analysis: in principle, the two fracture parameters are equivalent within the context of LEFM, and related (in
plane strain conditions) by Equation 11. By comparing a criterion based on strain energy and another based



on the applied stress, a more thorough understanding of how a material may perform in different scenarios
can be gained. Additionally, using both parameters together adds an extra layer of robustness to the analysis,
since they can be independently determined from the experimental results.

6.2.1 Behavior in air

Considering the tests conducted in air (Figure 9), the first critical point to address is the high toughness of
material C — this could be expected based on the previously shown results. Due to its superior toughness, it
could only be tested in an active environment. Testing this material under LEFM assumptions in air would
have necessitated samples of impractically large sizes or testing over unfeasibly long timeframes; both
solutions fall outside the scope of the present study. While Elastic Plastic Fracture Mechanics (EPFM) might
offer an alternative method for such cases, its framework again lies outside the focus of this article, so only
active environment data are presented for grade C. This alone is a strong indication of the exceptional
toughness possessed by material C and reinforces our preliminary findings.

Comparing crack initiation of materials A and B, their performance differs substantially. Under identical K or
G values, the onset of crack growth varies roughly by an order of magnitude, a result consistent with data
from the Bell Telephone test. At 50°C and over the timescales considered, grades A and B display a purely
brittle fracture behavior.

Material D, on the other hand, exhibits a distinct "knee point" in its toughness curves for both K vs t; and G
vs t; graphs, signaling a transition from ductile to brittle behavior. Its toughness exceeds what was initially
suggested by the Bell telephone test, confirming the limitations of this industry-standard ranking system.
When examining the relevant Kvs t; graph (Figure 9 — (1)), it becomes evident that material D can outperform
grade A under certain loading conditions. However, the energy release rate graph provides a more
comprehensive view of the material's behavior, as it inherently accounts for its stiffness through the definition
of G itself. This graph (Figure 9 — (2)) clearly shows that material D undergoes significantly less deformation
before fracture initiates. By analyzing the K vs t; graph, a clearer ranking of SCG resistance emerges: Grade
C >> Grade B >> Grade A ~ Grade D. When comparing Grades A and D, it is important to note that Grade A
performs slightly better at lower stress intensity factors, likely due to its higher concentration of tie molecules.
In contrast, at intermediate K values, material D appears to be the superior option, possibly due to its higher
crystallinity. However, regardless of the applied K, Material D consistently absorbs less energy before
fracturing compared to the other grades. This is reflected in the G vs t; graph, leading to a well-defined
fracture energy ranking of: Grade C >> Grade B >> Grade A >> Grade D.

When considering crack propagation, the behavior was analyzed by fitting the experimental crack growth vs.
time curves to an analytic function. This fitting provided sufficient accuracy for evaluating the crack speed
(da/dt) while filtering the experimental noise. The creep tests performed during crack propagation ensured a
constant applied load, while the defect size and therefore the stress intensity factor and the energy release
rate increased over time. Consequently, these tests generated a large number of data points, allowing for the
observation of transitions between different propagation behaviors.

From Figure 11 it is clear that material A exhibited significantly higher crack propagation rates compared to
Material B. In air, the crack speed of Material A was approximately two orders of magnitude higher than that
of Material B under comparable loading conditions. This pronounced difference can be again attributed to
the respective comonomer types. This mirrors the trends observed during crack initiation, where Material B
consistently outperformed Material A in terms of resistance to crack onset. The HDPE homopolymer (Material
D) displayed the poorest performance in terms of crack propagation speed, as observed with respect to crack
initiation. The high crystallinity of HDPE leads to a relatively low number of tie molecules and their absence
significantly accelerates crack growth.



6.2.2 Behavior in active environment

The presence of an active environment significantly influences the behavior of the materials. Both the stress
intensity factor and the energy release rate required to initiate crack growth are notably lower when an active
environment is present. Alternatively, for a given applied stress level, the initiation time decreases drastically.
This effect becomes particularly evident for initiation times longer than 10°® to 10* seconds. Below this
threshold, little to no noticeable difference is observed between the behavior of materials in air and those
exposed to an active environment. This minimum characteristic time is required for the environmental agent
to diffuse into the polymer craze and begin interacting with its structure.

Once the environment has had sufficient time to interact with the polymer, a significantly lower stress
intensity factor is required for crack initiation to occur in a given time. This phenomenon can be explained
following the scheme outlined by Williams [36,109] in his description of environmental stress cracking (Figure
13). In the absence of an active environment, crack initiation typically follows a power-law relationship
between the stress intensity factor and the time to crack initiation. However, when an active environment is
present, the material's resistance to crack initiation decreases, as evidenced by the lower K values needed to
initiate cracks in the same time frame. This shift in behavior is attributed to a flow-controlled mechanism,
where the environment interacts with the polymer at the crack tip, reducing the cohesive strength. In this
scenario, the environmental agent gradually penetrates the polymer’s craze fibrillar structure through
diffusion, weakening the material at the craze tip. The fibrils within the craze become plasticized, reducing
their resistance to fracture. This weakening mechanism is driven by the flow of the environmental agent into
the porous zone at the crack tip and can be described by Darcy’s Law for porous media:

Q=- « Vp (12)
n

Where Q is the flow rate, Vp is the pressure gradient, k is the permeability of the medium, which depends
on the pore area in the crazes and 7 is viscosity of the fluid. The flow of the environmental agent is governed
by this pressure gradient. As the agent infiltrates the craze zone, the cohesive forces within the polymer are
reduced, facilitating crack initiation. This diffusion mechanism primarily affects the craze region, which has a
very high area-to-volume ratio, leading to a complete plasticization of the small ligaments within a relatively
short time. The steeper slopes in the graphs for tests conducted in the presence of an environment reflect
this accelerated crack initiation. The environmental agents lower the critical stress intensity required for crack
initiation by weakening the molecular structure at the crack tip. Consequently, crack onset occurs earlier and
at lower stress levels compared to the "without environment" condition. The "knee point" in the graphs,
where the slope of the curve returns to a gentler gradient, marks a transition where the environmental agent
has fully exerted its accelerating effect. This phenomenon likely occurs when the environmental agent has
time to completely saturate the craze structure; at this point, a constant acceleration factor (compared to the
situation when the agent is not present) leads to a recovery of the original slope of the initiation curve.



Crack onset

Figure 13: Schematic of crack onset behavior with and without an active environment. The black line represents crack onset in air,
while the dashed line shows the reduction in fracture toughness due to full plasticization of the craze structure in an active environment.
The orange line illustrates the transition to flow-controlled behavior as environmental agents begin penetrating the craze, accelerating
fracture initiation.

The same behavior was observed during the propagation phase. In the presence of an active environment,
all materials experienced a reduction in crack resistance, with faster crack growth observed below a threshold
of applied K and G. The relative performance of each material remained consistent with the one observed in
air. Material B continued to exhibit superior resistance to crack propagation, while Material A showed
significantly higher crack speeds. The HDPE homopolymer’s crack propagation rate also increased in the active
environment, further highlighting its vulnerability to stress cracking.

As discussed in the section on crack initiation, the presence of an active environment accelerates the process
through a diffusion-controlled mechanism. Crack propagation follows a similar pattern. While crack initiation
is driven by the early interaction between the environment and the polymer, crack propagation extends this
process, as the environmental agents continue to infiltrate the porous craze zone at the crack tip. In both
phases, diffusion plays a critical role. During crack propagation, the environmental agent further reduces the
cohesive strength of the craze fibrils as it plasticizes the fibrils. The rate of crack growth is governed by the
flow of environmental agents into the craze structure, determined by the structural properties of the craze
and the viscosity of the medium, as previously discussed. Crack propagation data indicate a point where the
effect of the environment fully exerts its accelerating effect, visualized again by the “knee point” in the
propagation curves. Once complete plasticization of the craze fibrils is reached, the acceleration of the crack
growth rate becomes constant, and the original time/rate dependence originated by the material’s inherent
viscoelasticity is recovered.

While such a behavior had been originally predicted long ago [109], there are not many works in recent
literature in which experimental data supporting this interpretation are provided. The reason is not simply
related to the relatively small numbers of researchers dealing with ESC of polymers, but also to the
experimental challenges related to obtain good and accurate data over a sufficiently broad time window
(typically at least 4-5 decades).

6.3 Applicability of LEFM to PE

To verify the applicability of the adopted LEFM approach, the actual degree of nonlinearity in the materials
was evaluated through tensile testing. As detailed in Section 4.1, the relaxation modulus E(t) was calculated
for each material using the time—temperature superposition principle. Although PE is not strictly a



thermorheologically simple material, from an engineering perspective this method provides a reasonable
estimate of the relaxation modulus.

From the measured values of E(t) at various strains, a threshold strain was identified. Below this threshold,
the relaxation modulus remained independent of the applied strain, indicating a linear viscoelastic behavior.
Above, nonlinear effects became significant. The experimental data were then fitted within the linear region
using a power-law model to describe the material behavior. An example of this procedure is shown in Figure
14.
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Figure 14: Example of master curve construction at 50°C for Material A using the tangent modulus from tests at 50°C, 65°C, and
80°C. The plot illustrates the transition from linear to nonlinear viscoelastic behavior across different strain levels. Points marked in
red (e < 1%) are within the linear region. A power-law fit has been applied to the linear viscoelastic region to capture the material's
response.

To verify the applicability of the LEFM approach for the materials under study, the relaxation modulus E(t)
was also evaluated using data from fracture tests. This involved a comparison of the stress intensity factor K
and energy release rate G calculated independently for the creep data. These calculations were then
compared to the moduli determined from tensile tests, as discussed in Section 4.1.

Even though the time-dependent behavior of Poisson’s ratio v could contribute to the viscoelastic response,
the potential variations of v over time were deemed to have minimal impact, compared to the more
significant changes in K and G during fracture. Therefore, for the sake of simplicity, a constant value of
v = 0.4 was assumed throughout the analysis. For each tested specimen, the values of K and G at the point
of crack initiation were used to compute the corresponding effective relaxation modulus E(t;), where t; is
the crack initiation time. These effective moduli were then compared in Figure 15 against the
experimental time-dependent modulus curves obtained from the tensile tests using Eq. (7).
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Figure 15: Comparison of relaxation modulus obtained from tensile tests and effective modulus calculated from fracture tests for
materials A, B, C, and D.

Within the reported data scatter, the moduli derived from the fracture data are quite consistent with those
obtained from the tensile tests. The viscoelastic material behavior across different testing configurations is
unaltered, even for material C: despite its high toughness, at low stresses its failure can still be described by
a LEFM approach. One key observation is that the presence of the active environment does not appear to
influence the viscoelastic properties of the material (i.e. the two sets of data in air and environment overlap).
Thisisin accordance with the existing knowledge reported in the literature: the environmental agent primarily
interacts with the localized region around the crack tip, particularly within the craze zone, thanks to the huge
surface area in this region. The active environment facilitates plasticization and weakening of the craze fibrils
at the crack tip, accelerating crack initiation and growth. However, this process has limited impact on bulk
material properties like E(t). These results support the validity of applying LEFM to nonlinear viscoelastic
materials such as polyethylene under low-stress fracture conditions: despite the inherent nonlinearities in
polyethylene’s viscoelastic behavior, the failure strain likely remains within the threshold of linearity,
particularly for cases of low-stress crack growth. The fact that both K and G data from the fracture tests fall
on the same master curve as the tensile test results further underscores that LEFM provides an accurate
framework for describing the behavior of the material in these conditions.



7. Conclusions

This section summarizes the main findings of this research paper.

Advantages of LEFM Over Traditional Testing Methods

The application of LEFM has proven essential in drawing meaningful comparisons between materials, offering
clearer and richer information compared to traditional tests like the Bell Telephone. While the Bell test is
widely used in industry, its results are sensitive to the intrinsic viscoelastic properties of each material, such
as relaxation modulus, leading to biases when comparing materials with differing stiffness. LEFM, by contrast,
allows for a comprehensive evaluation of the intrinsic fracture properties, enabling quantitative comparisons
even between grades with markedly different properties. Moreover, the data provided by LEFM can be
directly used for design and evaluation of engineering structures.

Impact of Morpho-Structural Parameters on SCG

The results confirm that molecular weight is a primary determinant of polyethylene's resistance to SCG and
ESC. Higher molecular weight facilitates the formation of tie molecules, significantly enhancing crack
resistance. This effect has been accurately quantified: material C, with its high molecular weight,
outperformed all other grades, exhibiting remarkable resistance to SCG, also in presence of the aggressive
environment. The study also highlights the significant impact of comonomer type on stress cracking
resistance. Materials A and B, despite similar molecular weights and crystallinities, displayed markedly
different crack resistance due to their comonomer types. This suggests that the length of the side chain in the
comonomer plays a crucial role in enhancing SCG resistance. The introduction of side chains having different
lengths may potentially lead to variations in tie molecule formation or in the density of chain entanglements
within the amorphous regions. However, these mechanisms are not fully understood, and conflicting results
have been reported in the literature. Therefore, further research is necessary to explain the underlying
mechanisms, possibly through advanced characterization techniques and molecular dynamics simulations.

Environmental Stress Cracking Behavior

The behavior of PE with respect to environmental stress cracking revealed three distinct regimes of fracture
behavior, depending on the applied stress intensity factor, material properties, and environmental agent:

- No environmental interaction: the material's inherent viscoelastic properties govern crack initiation
and propagation (no plasticization of the craze fibrils).

- Partial plasticization: environmental agents begin to interact with the polymer at the crack tip,
reducing cohesive strength and affecting the fracture process.

- Full plasticization: environmental agents permeate the craze zone, leading to complete plasticization
of the craze fibrils and markedly accelerated crack initiation and propagation.

These findings support a previous model proposed by Williams [36,109]; however, conflicting results have
been reported regarding the impact of environmental agent concentration and viscosity on ESC [38,44,45].
Further experimental work will be necessary to verify the model and improve the predictability of ESC
behavior.

Final Remarks

In conclusion, this study advances the understanding of how morpho-structural parameters and
environmental conditions collectively influence the fracture behavior of polyethylene. The proposed
LEFM-based approach is not a mere phenomenological tool to evaluate ESCR but can be leveraged to provide
valuable insights that can inform the design and optimization of polyethylene materials for enhanced long-
term performance in industrial applications.



8. Appendices

Appendix A - compliance calibration method

Without a direct visual observation of the crack, compliance analysis allows the instantaneous crack length
determination. Compliance, defined as the ratio of recorded displacement to applied load, is monitored over
time for a notched specimen. Initially, the increase in compliance is governed by viscoelastic creep. However,
once the crack initiates, the change in compliance is also influenced by crack propagation. To accurately
determine crack length, the viscoelastic contribution must be subtracted first.

For a linear elastic material under plane strain, the following relationship describes the compliance change
with respect to defect size [110]:
dC 2BK? 1 5 (13)
= 1—v
da P? E ( )
where C is the sample compliance, a is the defect size, B is the sample thickness, P is the applied load,
E Is Young’s modulus and v is Poisson’s ratio. For polymeric materials, which exhibit time-dependent creep,
this expression can be modified as follows:

dC 2BK? )
2a = Pz D((1 —v?) (14)

Here D(t) represents the time-dependent creep compliance of the material. Integrating this expression
yields:

a 2

C(a,t) = C(0) +f 2 D(t)(1 —v*)da (15)
0

In this integral C (0) denotes the initial compliance of a specimen without any defect:

AFPB

c(0) = 5 (16)

where Agpp is the deflection of a beam in a four-point bending (FPB) setup. For a Timoshenko beam,
which correctly accounts for shear effects, Arpp can be computed as [111,112]:

oz i)+ 5 PpI3
FPE=sEpw ~ V) T 27 EBWS3

(17)

In the case of FPB, K can be evaluated using Eq. 8 and the shape factor Y(%) for pure bending can be
computed as [104]:

y (%) — 112 - 139 (%) +7.32 (%)2 ~131 (%)3 +14.0 (%)4 (18)

The combination of Eqg. 8 and 18 into eq. 15 leads to an analytical expression for C:
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The previous equation can then be rewritten for clarity as:

C(%,t) = D(t)¢ (%) (20)

The material’s compliance D(t) can be obtained with any kind of independent measurement. For the case
of SENB specimens, blunt notched specimens were used to evaluate the viscoelastic contribution (creep) to
the compliance of identically sized sharp notched ones. In this way, the stress state of the actual fracture
samples is accurately reproduced.

From each fracture sample an apparent compliance D*(t) is computed:
a
¢ ()

) <

D*(t) =

where a is the initial crack length. This property will be equal to D(t) until fracture onset, and then
it will diverge due to the growing crack. To determine crack initiation the following criterion was
adopted:

D (®) = 1.01
D) — (22)

To obtain the data on crack length vs. time, the following equation was solved for each experimental point
after initiation:

a(t)

D(®) ¢ (57) = D(® (23)

Appendix B - Energy release rate calibration function

Y (%) is called energy calibration function and can be calculated as [36]:

(24)

The analytical expression in the case of FPB for C (%, t) was defined in eq. 19, therefore differentiating

with respect to % the value of Yrpp (%) can be found as:
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