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Abstract

We present coarse-grained molecular dynamics simulations of polymer-mediated ad-

hesion between chemically heterogeneous surfaces. Our surface models exhibit weakly

and strongly absorbing sites in 1:1 proportion, but are characterized by different de-

grees of segregation among these sites. When the surfaces are pulled apart, we observe

systematic variations in the stress-strain curves, indicating a significant weakening of

the adhesive layer on going from finely interdispersed to more segregated morphologies.

In our model systems, the macroscopic failure of the sandwiched polymer films always

appears to be cohesive but, at the nanoscale, there is in fact a gradual transition from

a cohesive to a mixed cohesive-adhesive mechanism.

Introduction. Adhesion phenomena involving polymers and other soft materials are

relevant for many technologies, and they provide a wealth of fascinating observations and

challenging problems.1 Many aspect of polymer-mediated adhesion can be described by

continuum-based models,2 but even in these cases the parameters entering them derive from
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molecular-level interactions and processes.3,4 Standardized tests have been developed in or-

der to measure the properties of polymer adhesives at macroscopic length scales,1 while

the surface force apparatus and atomic force microscopy have allowed direct and detailed

measurements of analogous phenomena in extremely thin films and at much smaller length

scales.5–7 Much current research is driven by the desire to understand and mimic the ad-

hesive properties of living systems, which range from strong but highly reversible (e.g., in

geckos’ feet) to extremely tough, even underwater (e.g., in mussels’ byssus).8–11

When the adhesive is a rubbery polymer, as is the case in pressure-sensitive adhesives

(PSAs), large deformations and viscoelasticity become relevant.12,13 The combination of

surface chemistry and roughness, polymer microstructure and morphology, film thickness,

temperature and deformation speed produces a wide range of scenarios.14 In a typical “tack

test”, two surfaces (adherends) are first brought together and equilibrated, with a polymer

adhesive in between. They are then separated at constant speed and the stress is measured

until complete detachment. There are two basic outcomes for such an experiment. In the case

of adhesive failure, which is the intended outcome in PSA applications, the polymer separates

neatly from one surface. Stresses are relatively low in this case, but the practical work of

adhesion—the integral of the stress-strain curve—is still much larger than any estimate

based on intermolecular forces and equilibrium thermodynamics. This demonstrates the

importance of energy dissipation and non-equilibrium phenomena. Alternatively, there is the

possibility of cohesive failure, whereby the polymer film breaks up somewhere in the middle

and ends up on both surfaces. This is desirable when the adherends should not separate so

easily, and it occurs only when the polymer-substrate interfaces can sustain large stresses. In

both cases, breakup involves the initial nucleation of voids or “bubbles” (at the interface or

within the polymer, respectively in the adhesive and cohesive scenarios), which then evolve to

produce long polymer fibrils bridging the surfaces.15 Three-dimensional stereoscopic imaging

of the cavities have allowed the measurement of finer features, such as the dependence of

the receding contact angle on the elastic modulus of the adhesive polymer.16,17 Subject to
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certain conditions and approximations, these observations can be formalized as analytical or

numerical models.18–21 A number of coarse-grained molecular dynamics (MD) simulations

have also reproduced different features of polymer-mediated adhesion and film breakup.22–26

Phenomena involving highly confined polymers are relevant also for nanocomposites,27,28

and in particular for rubber reinforcement by carbon black and silica nanoparticles.29–31 Un-

der large deformations, the rubbery polymer between neighboring particles behaves much

like an adhesive layer. In particular, there is several grades of carbon blacks, differing by

particle size, morphology and surface chemistry.32 The best performing fillers expose many

asperities and functional groups that interact differently with the polymer chains.33–35 This

produces a geometrically and energetically rough landscape that enhances the mechanical

coupling between the polymer and the filler.36 Cavitation phenomena analogous to those de-

scribed above for PSAs have also been observed in nanoparticle-filled elastomers undergoing

deformation.37,38 At a more fundamental level, there is also a long-standing interest in un-

derstanding of the behavior of polymers in disordered media39,40 and in thin films, especially

close to the glass transition.41–44

Previous work by our group addressed different aspects of the previous problems, mostly

through equilibrium MD simulations of polymers interacting with surfaces incorporating an

element of randomness.45–48 Here we make a step forward, by simulating the non-equilibrium

adhesive properties of a polymer confined by heterogeneous surfaces. The presence of

nanoscale heterogeneities immediately raises some intriguing questions. Does it matter

whether the surfaces are chemically heterogeneous, or is the average polymer-surface in-

teraction the only relevant variable? How do the adhesive properties of a polymer film

depend on the morphology of the adherend surfaces? Is the distinction between adhesive

and cohesive failure of the films still relevant down to the nanoscale, or do we observe other

breakup mechanisms?

Systems and methods. We have modelled a series of sandwiched polymer systems,

similar to those analyzed by Pastore et al. 48 . The surfaces are perfectly rigid, and they
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consist of a 50%-50% mixture of weakly (W ) and strongly (S) interacting beads, arranged

in a square planar fashion with different morphologies. Each surface consists of 50 × 50 =

2500 beads. Starting from either a purely random or a perfectly ordered configuration

of the beads, surfaces with different degrees of patchiness have been generated by Monte

Carlo simulation of an Ising model with “ferromagnetic” nearest-neighbor interactions.49

Our Monte Carlo moves involve pairwise exchanges of the identities of W and S sites, and

they are accepted or rejected with a Metropolis criterion.50 Depending on the simulation

temperature, the final morphology of the beads may be either dispersed or aggregated. We

characterize the final morphology of the surfaces by the Warren-Cowley short-range order

parameter α.51,52 This counts the average excess of same-type over opposite-type beads,

among the nearest-neighbors of each beads. In order of increasing degree of interdispersion

of the W and S sites, the surfaces employed in the following MD simulations have α '

1.0 (W and S beads completely segregated within two parallel stripes), 0.79, 0.53, 0.35,

0.0 (completely random surface), and -1.0 (ordered “checkerboard” configuration). The

Supporting Information contains a picture of each surface model (Figure SI.1).

The polymer is modelled using a variant of the Kremer-Grest bead-and-spring model.53

The maximum FENE (for finitely extensible non-linear elastic) bond length has been slightly

reduced in order to limit the surface-induced ordering of the polymer.54 Note that the bonds

of an entangled polymer liquid are susceptible to break at high deformation rates,55 but for

simplicity we have neglected this effect in these simulations.23 The space between the surfaces

is filled with 250 chains of N = 128 beads, which is somewhat above the entanglement length

for these polymer models. All non-bonded interactions depend on the interparticle distance

r and are described by truncated and shifted Lennard-Jones (LJ) potentials:

VLJ(r) = 4εij

[(σ
r

)12
−
(σ
r

)6]
+ Vc r < rc, (1)

where Vc is chosen so that the potential goes continuously to zero at and beyond the cutoff
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rc = 2.5σ. All beads, belonging either to the polymer or to the confining surfaces, have

the same diameter σ and the same mass m. Instead, the beads differ in their interaction

energies. These depend on the type of beads involved (W , S or P ). Relative to polymer-

polymer interactions, we have εPW = 0.5εPP and εPS = 2.0εPP . All simulations were carried

out at a temperature T = εPP/kB. At this temperature, the bulk polymer behaves as

rubbery liquid.

Throughout this manuscript, we adopt the LJ system of reduced units. All quantities

are expressed in terms of σ, m and εPP , and they effectively become adimensional. In

particular, pressure and stress are measured in εPP/σ
3 units. Time is measured in units

of τLJ =
√
mσ2/εPP . The Supporting Information contains a tentative mapping of these

quantities to conventional SI units, in order to allow an order-of-magnitude comparison with

experimental data on real systems or simulations of detailed atomistic models.

The nearest neighbor distance between the surface beads is equal to 1.0, so that these

have an area A = 2500. Periodic boundary conditions are enforced in the x and y directions,

parallel to the surfaces. The number density of the polymer beads in the middle of the

slab is ρ ' 1.05, equal to the value obtained from constant-pressure simulations of the bulk

polymer (at P = 0.0). The dynamics of the polymer is simulated by Nose-Hoover style

non-Hamiltonian equations of motion56 with a timestep 0.01 and a relaxation time of 1.00

(both in τLJ units). All MD simulations have been carried out with LAMMPS,57 and the

results visualized with VMD.58

Table 1: Summary of the main simulation parameters. The parameters that have been varied
systematically are highlighted in boldface.

Description Value(s)
Surface composition 50% W -type and 50% S-type beads
Surface morphology α = 1.0, 0.79, 0.53, 0.35, 0.00 or -1.00
Polymer chain length N = 128 P -type beads
Deformation velocity/rate v = 0.10 (ε̇ = 7.7× 10−3) or v = 0.01 (ε̇ = 7.7× 10−4)
Interaction energies εPP = 1.0, εPS = 2.0, εPW = 0.5
Initial inter-surface distance z0 = 13.0
System size 250 polymer chains and two 50×50 surfaces
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For clarity and ease of reference, the main simulation parameters have been collected in

Table 1.

Results.

In the initial equilibrium configuration, the surfaces are at z = 0.0 and z = 13.0. The

unperturbed root-mean-square radius of gyration of the polymer chains is Rg = 5.31. This

value, obtained from an independent simulation of the bulk polymer, is comparable with

half of the initial inter-surface distance (henceforth z0). As a result, there is an appreciable

population of chains forming “bridges”, having beads absorbed on both the upper and the

lower surface. This is illustrated in Figure SI.2, showing just one of the polymer chains in

the initial, undeformed state.

The surfaces, which are assumed to be perfectly rigid, are separated until complete de-

tachment by lifting the upper surface with a constant velocity v, which may be either “slow”

(v = 0.01, in LJ units) or “fast” (v = 0.1). These velocities correspond to engineering strain

rates ε̇ = v/z0 = 7.7 × 10−4 and 7.7 × 10−3, respectively. This allows us to obtain the

stress-strain curves for each system. Note that the strain is defined as the ratio between the

displacement of the upper surface and the initial inter-surface distance, i.e. ε(t) = vt/z0 = ε̇t.

The stress is computed using the virial formula, from the velocities, positions and forces on

the polymer beads:59

σzz(t) = − 1

V (t)

∑
i∈P

[
mv2iz(t) + riz(t)fiz(t)

]
(2)

(note that this is just one element of the full stress tensor, corresponding to the component

of the force orthogonal to the surfaces). In this equation t is the time variable and V (t) is

the volume occupied by the polymer, which we take equal to [z0 + vt − 1] × A (the “-1”

approximately corrects for the fact that there is a thin layer next to each surface which is

effectively forbidden from being occupied by the polymer, due to the repulsive part of the

LJ interactions). The sign in the equation corresponds to the convention adopted when
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reporting tack tests on PSA’s, i.e. it is positive when the surfaces resist being separated.12,14

We have also measured the stress from its “macroscopic” definition, namely as the ratio

between the pulling force on the upper surface (opposite of sum of the z-components of the

forces on its beads) and its area A. The two definitions lead to results that are comparable,

but not identical due to the stochastic nature of the contributions coming from the individual

atoms. The larger the system size, the smaller the relative importance of these fluctuations,

as they can be expected to decrease as the inverse square root of the number of particles.60

Therefore the latter are typically noisier, being derived from an average over a smaller

number of atoms. We point out that the noise in simulation data has been reduced also by

performing a “rolling average”, taking care that the averaging window remains much smaller

the characteristic time of the investigated phenomena. See Figure SI.5 for plots illustrating

this point. One additional advantage of Eq. (2) is that it can be analyzed in terms of

individual or local components of the stress, by restricting the summation over a subset of

the polymer beads (e.g., those belonging to a specific polymer chain).

Figures 1 and 2 show our numerical results in the initial stages of the deformation, re-

spectively for slow and fast pulling velocities (analogous plots for the full simulations, until

complete breakup of the films, are given Figures SI.3 and SI.4). In addition to the stress-

strain curves, we also provide plots of the non-bonding component of the potential energy.

Although only loosely related, these quantities display a similar behavior as a function of

strain. They reveal clear and systematic differences between surfaces with different mor-

phologies. The curves for the random and the ordered checkerboard surfaces (α = 0 and

−1) are very similar, demonstrating that they provide the best adhesion to the polymer.

The maxima in the stress at ε ' 0.10 (slow deformation) and ε ' 0.12 (fast deformation)

correspond to fairly well-defined yield point for these systems. In addition to occurring at

higher strains, the yield stress is also larger for the faster deformation, as expected from the

viscoelastic nature of the polymer.20 A faster deformation allows a smaller degree of stress

relaxation. Note also that the maxima in the non-bonding energy occur slightly after those
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of the stress, especially in the case of fast deformation.
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Figure 1: Plots of the initial stress-strain curves and non-bonding energy per atom for all
systems, for slow pulling velocity (v = 0.01).

As the surface morphologies change towards increasingly segregated configurations of the

S and W sites (α > 0), we see a progressive degradation in the mechanical properties of the

sandwiched films. The most segregated surfaces display a roughly 50% decrease in both the

yield stress and the yield strain. The toughness of the adhesive layers, as measured by the

mechanical work to separate the surfaces (integral of the stress-strain curves) is also reduced

accordingly. After the yield point, the stress decreases and approaches a plateau value, which

depends again on the surface morphology. The plateau is in fact a gently decreasing slope,

which continues until extremely large deformations. The full breakup of the adhesive films
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Figure 2: Plots of the initial stress-strain curves and non-bonding energy per atom for all
systems, for fast pulling velocity (v = 0.10).
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occurs only for ε ' 14 (see again SI.4 and SI.4). In terms of surface-surface separation this

correspond to z ' 180, well above the fully extended length of the individual chains.

Figure 3 illustrates the typical behavior, for a system with an intermediate degree of

segregation (α = 0.53). The snapshots clearly show the detachment of the polymer from the

weak spots on the surfaces, corresponding to patches with a high concentration of W sites.

The detachment could also be described as the nucleation of voids within the interfacial

polymer layers. The voids form already at small deformations, corresponding to the yield

points in the stress-strain curves. The interfacial voids gradually evolve into large cavities.

Similar but much larger voids have also been observed by optical microscopy on PSA’s.15–17

Eventually, the polymer forms fibrils bridging the surfaces, which progressively become thin-

ner as they stretch. This long fibrillation phase corresponds to the broad plateau in the

stress. In the late stages of deformation, the fibrils contains just a few chains, none of which

is long enough to span their entire length. In the end each fibril breaks somewhere in the

middle and the remaining polymer chains are quickly reeled back in by the surfaces, forming

two thin adsorbed layers.

The initial nuclei are not easily observed using a conventional representation, but they

can be highlighted by resorting to a Voronoi analysis.61 The “voids” can be associated

with the beads whose Voronoi volume is larger than a threshold value, that here we set

equal to 2.00. Figure 4 shows the results of such an analysis, for the two extreme cases

(α = ±1). The voids tend to form on W -rich patches, provided they are large enough.

Increasing the degree of segregation between the W and S sites lowers the barrier to void

nucleation. As a result, the yield stress and the yield strain decrease. On the same surfaces,

however, there are equally large patches with a stronger polymer-surface interaction. The

polymer adsorbed on these patches is not susceptible to yield. The net result is that rupture

of the polymer films between the segregated surfaces can be described as a mixtures of

adhesive and cohesive failure, corresponding to the loss of polymer-surface and polymer-

polymer interactions. Instead, when there is a fine interdispersion of W and S sites (α ≤ 0),
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Figure 3: Evolution of polymer film between surfaces with α = 0.53, as they are pulled apart
at v = 0.1. The strain values (ε) are reported next to each snapshot. The upper surface has
been deleted for clarity.
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the polymer-substrate interactions are always strong enough to prevent adhesive failure. The

voids are preferentially nucleated within the polymer, and the failure mechanism is entirely

of the cohesive type. Indeed, the maximum stresses that are recorded in these cases are very

close to those observed in control simulations on the bulk polymer, at the same deformation

rates (see Figure SI.5).

Figure 4: Visualization of the cavitation nuclei at ε = 0.12, for two different surfaces.

Our interpretation of the failure mechanisms of the films is supported by further analysis

of the non-bonded interactions. Figure 5 illustrates the strain-dependence of their individ-

ual polymer-polymer and polymer-surface components. The films with the highest adhesion

strengths show a modest change in the polymer-surface interactions, alongside a large vari-

ation in the polymer-polymer ones. Thus, in these cases the initial cavities are largely

formed within the polymer, in the middle of the films. There is actually a small “hump”

in the polymer-surface interactions when α = −1.00, at a strain which corresponds to the

maximum in the polymer-polymer curve. Thus, in this case there appears to be a limited,

temporary separation between the polymer and the surfaces. Interestingly, this hump is al-

most absent in the random surface (α = 0.00), indicating that its interface with the polymer

is even superior in terms of mechanical stability. The system with moderate segregation of

the W and S sites (α = +0.35) is still quite good, from this point of view. A clear degra-

dation in the stability of the adhesive interface occurs on increasing the segregation even

further (α = +0.53 and 0.79). Notice that the polymer-surface interactions are no longer

recovered, past the yield point. In the fully segregated system (α = +1.00), the surfaces can

be separated with a relatively modest variation in the polymer-polymer interactions, while
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the changes in the polymer-surface interactions increase and become almost comparable to

them.
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Figure 5: Variation in the polymer-polymer (dashed) and polymer-surface (continuous) non-
bonded interaction, from the simulations with fast separation (v = 0.10). The non-bonded
energies are normalized by the total number of atoms.

As a final step in the analysis of the results, we present histograms of the individual

chains’ contributions to the overall stress. See Figure 6 for three representative cases, for

both fast and slow deformation speeds. These graphs have been obtained at ε = 0.11,

in the neighbourhood of the yield points. The histograms are fairly symmetric, Gaussian-
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like distributions. The Gaussian shape is expected from the central limit theorem, as the

stress on a chain is the sum of many, largely uncorrelated contributions from its constituent

beads.62 Here we have adopted a logarithmic scale for the vertical axes, to highlight the tails

in the distributions, representing a small fraction of highly stressed chains. The center of

the distributions always occur at positive values, as expected. However, there are also many

chains making a negative contribution to the stress. This means that they are actually

pushing the surfaces apart, rather than pulling them together. This is understandable,

considering the effect of confinement on their conformational entropy. The fraction of these

chains increases with α, presumably due to chains which are adsorbed on the weakly binding

patches. For a given surface, it also grows on decreasing the rate of deformation, giving the

chains more time to relax towards equilibrium. The net effect is the systematic variation of

the yield stress, which was previously discussed.

Conclusions. Our MD simulations on a simple model system provide a clear demon-

stration of the effect of surface morphology on the adhesive properties of polymer films.

Significant and systematic differences are observed among surfaces sharing the same “chem-

istry”, represented here by the fractions of weakly and strongly interacting sites, but with

different spatial arrangements. A small change in surface morphology can have a major

effect on the barrier for interfacial nucleation of nanoscale voids, leading from a cohesive

to a mixed adhesive-cohesive failure of the films. The adhesive properties of a completely

random surface are very similar or even superior to those of a perfectly ordered one, as in

both cases the scale of the heteogeneities is too small and the surface effectively behaves as

if it were homogeneous. The effect of the heterogeneity emerges on going to more patchy,

nanosegregated surfaces, and interestingly it tends to weaken the mechanical properties of

the adhesive film. We stress that, on the basis of macroscale observations of the final state of

the system, the failure would still appear to be of the cohesive type, since the polymer is even-

tually distributed over both surfaces. Thus, our simulations provide an interesting example

of model adhesive films whose “cohesive” behavior crucially depends on the polymer-surface
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Figure 6: Histograms of the stress borne by individual polymer chains in three representative
systems (see the α values), for fast and slow deformations (left and right, respectively). The
thin vertical lines mark the zero stress.
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interactions, as well as the nanoscale morphology of the adherend. We are not aware of any

real adhesive films that is already known behave in this way. Demonstrating it might be

experimentally difficult, as it involves the capability to finely tune the morphology of the

surfaces and, at the same time, to observe their debonding mechanisms at the nanoscale, in

situ and in real time. One possibility might be in the observation of nucleation and growth

of voids in polymer nanocomposites, by real-time small-angle X-ray scattering.37

Our simulations raise interesting questions in the fields of adhesion science, tribology

and rubber reinforcement by nanoparticles. For example, it would be interesting to observe

the role of surface heterogeneities also under shear and cyclic deformations. We intend to

pursue them through more extensive simulations, adding variables such as molecular weight

and chain scission to the problem. It would also be interesting to investigate the effect of

heterogeneity in the chemical composition and morphology of the polymer films, through

the inclusion of monomers capable of interacting with a solid surface by hydrogen bonding

and coordinative bonds.63 Such models might be relevant also for protein-based adhesion of

marine organisms. In the meantime, we hope that the present results will stimulate further

experimental efforts on polymer adhesion to surfaces with controlled nanoscale morphologies.
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Conversion from Lennard-Jones to conventional SI units. 
 

The mapping from LJ to SI units requires a decision about the values attached to specific 
quantities, such as the bead diameter σ. The Kremer-Grest bead-and-spring model [1] is highly 
simplified. It was developed with computational simplicity in mind, without attempting to reproduce 
the properties of any specific polymer. The simplification is possible thanks to the universal behavior 
of polymers, at large length and long time scales. Its adaptation to specific polymers is possible, but 
it requires at least the introduction of some stiffness, through a bond bending energy.[2] 

In view of the previous considerations, any mapping of the Kremer-Grest model will always 
be somewhat approximate. Nonetheless, adopting Kröger’s suggested mapping for polystyrene,[3] 
we have the following conversion factors: 

• Distance:   σ = 0.97 nm 
• Mass:     m = 364 g/mol 
• Energy:  εPP/kB = 490 K,   or equivalently  εPP= 4.07 kJ/mol. 
• Density:  m/σ3 = 6.6 g/cm3 = 6.6 Mg/m3. 
• Stress:   εPP /σ3 = 7.4 MPa 
• Time:   𝜏𝜏 = �𝑚𝑚𝜎𝜎2 𝜀𝜀𝑃𝑃𝑃𝑃⁄  = 9.1 ps 
• Velocity:  σ/τ = 107 m/s 
• Strain rate: 1/τ = 0.11 ps-1. 

This mapping is approximate, also because in the present simulations we have adopted a slightly 
shorter FENE bond length [4] and we have included the attractive tail of the LJ interaction, which is 
absent in the conventional Kremer-Grest model. Nonetheless, the mapped parameters appear to be 
reasonable. The molecular mass of the polymer chains is 47 kDa. The initial inter-surface distance 
would be equal to 12.6 nm. The “fast” and “slow” pulling speeds are equal to 10.7 and 1.17 m/s, 
respectively. The stresses recorded in the simulations are in the 1-10 MPa range. 
 
[1] Kremer, K.; Grest, G. S. Dynamics of Entangled Linear Polymer Melts: A Molecular‐dynamics 
Simulation. J. Chem. Phys. 1990, 92 (8), 5057–5086. https://doi.org/10.1063/1.458541 
[2] Everaers, R.; Karimi-Varzaneh, H. A.; Fleck, F.; Hojdis, N.; Svaneborg, C. Kremer–Grest Models for 
Commodity Polymer Melts: Linking Theory, Experiment, and Simulation at the Kuhn Scale. 
Macromolecules 2020, 53 (6), 1901–1916. https://doi.org/10.1021/acs.macromol.9b02428  
[3] Kröger, M. Simple Models for Complex Nonequilibrium Fluids. Phys. Rep. 2004, 390 (6), 453–551. 
https://doi.org/10.1016/j.physrep.2003.10.014  
[4] MacKura, M. E.; Simmons, D. S. Enhancing Heterogenous Crystallization Resistance in a Bead-
Spring Polymer Model by Modifying Bond Length. J. Polym. Sci. Part B Polym. Phys. 2014, 52 (2), 134–
140. https://doi.org/10.1002/polb.23398  
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Additional plots and figures 
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Figure SI.1:  morphologies of the simulated surfaces. 

 
 
 

 
Figure SI.2:  one bridging chain between two surfaces. 

 

  



 
 

 
 

Figure SI.3:  Full stress-strain curves and non-bonding energy plots for all systems, for “slow” pulling 
velocity (v=0.01, corresponding to 𝜀𝜀̇=7.7×10-4). 

 
 

  



 

 
 

Figure SI.4:  Full stress-strain curves and non-bonding energy plots for all systems, for “fast” pulling 
velocity (v=0.10, corresponding to 𝜀𝜀̇=7.7×10-3). 

 
  



 

 

 
 

Figure SI.5:  Initial stress-strain curves for the bulk polymer, for fast and slow deformations (above 
and below, respectively).  The blue lines represent the instantaneous values, the red lines the batch 
or running averages over 100 timesteps (for 𝜀𝜀̇=7.7×10-3, corresponding to v=0.10) or 1000 timesteps 

(for 𝜀𝜀̇=7.7×10-4, corresponding to v=0.01). The system contains 250 chains, with full three-
dimensional boundary conditions. Before carrying out the deformation, it was equilibrated at T=1.0 
and P=0.0. In analogy with the simulations of the confined polymer, the system is stretched at the 

indicated rates along one direction (e.g., z), while leaving the periodicity along the orthogonal 
directions unchanged (i.e., imposing a Poisson ratio σ=0.0). 
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